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ABSTRACT
The phenomenon of plastic flow induced by electrochemical reactions near room tempera-
ture is significant in porous anodic oxide (PAO) films, charging of lithium batteries and stress-
corrosion cracking (SCC). As this phenomenon is poorly understood, fundamental insight into
flow from our work may provide useful information for these problems. In-situ monitoring of
the stress state allows direct correlation between stress and the current or potential, thus pro-
viding fundamental insight into technologically important deformation and failure mechanisms
induced by electrochemical reactions. A phase-shifting curvature interferometry was designed
to investigate the stress generation mechanisms on different systems. Resolution of our curva-
ture interferometry was found to be ten times more powerful than that obtained by state-of-art
multiple deflectometry technique and the curvature interferometry helps to resolve the con-
flicting reports in the literature. During this work, formation of surface patterns during both
aqueous corrosion of aluminum and formation of PAO films were investigated. Interestingly,
for both cases, stress induced plastic flow controls the formation of surface patterns.
Pore formation mechanisms during anodizing of the porous aluminum oxide films was in-
vestigated . PAO films are formed by the electrochemical oxidation of metals such as aluminum
and titanium in a solution where oxide is moderately soluble. They have been used extensively
to design numerous devices for optical, catalytic, and biological and energy related applica-
tions, due to their vertically aligned-geometry, high-specific surface area and tunable geometry
by adjusting process variables. These structures have developed empirically, in the absence
of understanding the process mechanism. Previous experimental studies of anodizing-induced
stress have extensively focused on the measurement of average stress, however the measure-
ment of stress evolution during anodizing does not provide sufficient information to understand
the potential stress mechanisms. We developed a new method, which enables us to discrim-
inate the potential stress mechanisms during anodizing and characterize the evolution of the
xxii
stress profile during film growth. Using stress measurement and characterization techniques,
we demonstrated the evolution of the stress profile during the film formation and discussed
the role of stress on the PAO film formation. Compressive stress builds up linearly during
the anodizing, while barrier oxide film gets thicker until the onset of the pore initiation. Both
barrier layer thickness and the integrated oxide stress decreased rapidly to the steady-state pe-
riod when pore initiation began. The morphology change and stress transients points out the
transition from elastic to plastic oxide behavior, similar to those observed in other situations
such as lithium intercalation into silicon. The stress profile is consistent with the stress gradi-
ent needed to drive plastic flow observed experimentally. We also addressed the dependence of
overall stress generation on applied current density. Apparently, stress caused by expansion or
contraction of oxide and metal interface depends on the volume change due to overall reactions.
In the last chapter, the stress generation during alkaline Al corrosion will be discussed. The
enhancement of mechanical degradation by corrosion is the basis for the damage process such
as stress-corrosion cracking. Understanding the synergistic effect of stress on stress-corrosion
cracking mechanism is necessary to design new materials to improve the safety and viability of
existing energy conversion systems. the high-resolution in-situ stress measurements during Al
corrosion in alkaline solution was presented, supported by characterization techniques and Fast
Fourier Transform analysis. Unprecedented curvature resolution of curvature interferometry
permits the monitoring of stress during extended periods of corrosion of thick metal samples.
Evolution of concaved-shaped surface patterns is in a great harmony with recorded tensile
stress. Furthermore, absolute value of tensile stress onset of the plasticity depends on the
dissolution rate of metal and yield stress of metal. The measurements reveal corrosion-induced
tensile stress generation, leading to surface plasticity. This finding is evidence that corrosion
can directly bring about plasticity, and may be relevant to mechanism of corrosion-induced
degradation.
xxiii
“There is no philosophy which is not founded upon knowledge of the phenomena, but to get
any profit from this knowledge it is absolutely necessary to be a mathematician.”,
Daniel Bernoulli
1CHAPTER 1. POROUS ANODIC OXIDE FILMS
1.1 Introduction
Anodic oxide films are grown by electrochemical oxidation of metals. Anodizing requires
a conductive electrolyte (solution), power supply, a counter electrode (cathode) and metal
(anode). Depending on the type of electrolyte, anodic oxide films can be formed as barrier
and porous anodic films. Fig. 1.1 demonstrates the barrier and porous oxide film morphology.
Barrier oxide films have relative flat surface and a uniform thickness. They are relatively
compact and non-porous. In contrast to the barrier oxides, porous oxide films have porosity on
the surface and their thickness is not uniform. Also they have unique structure due to being
self-organized.
Technological interest of in barrier oxide films focuses mainly on anti-corrosion applications
and dielectric capacitor. Many additional applications emerged after Masuda and Fukuda (1)
successfully synthesized the ideally ordered porous anodic films in 1995. This work showed
that for a given solution, anodizing conditions will yield well ordered pores and the resulting
film could easily be used as a template. Porous oxide films have large surface area and they
have ability to tune their geometry by adjusting process variables. These features of porous
oxide films leads the extensive usage of them in many applications including solar cells, optical
devices, nanowires, and polymer and metallic nanorods (1; 2; 3; 4; 5; 6; 7)
Anodic oxide films can be formed on a number of metals for instance aluminum, zirconium,
tantalum, titanium and niobium. In this work, we will primarily focus on aluminum oxide
films because the extensive prior knowledge on alumina. Barrier-type and porous-, each require
specific growth conditions, of which the electrolyte is the major factor. Barrier films are grown
at ambient temperature at high current efficiency in largely near-neutral electrolytes, in which
2the formed oxide is insoluble. Porous oxide films are grown in selected alkaline electrolytes or
acid electrolytes, in which formed oxide is soluble. Sulfuric, chromic, oxalic and phosphoric
acids are the example for those kinds of electrolytes. Examination of the films at the appropriate
conditions brings out regular porous anodic film.
the maximum voltage of 140 V !Smax", regions of increased film
thickness are evident, associated with pores up to !200 nm deep
and a 154 ! 4 nm thick barrier layer, as shown in Fig. 3e. Else-
where, the barrier layer thickness is in the range of 165–195 nm,
with the film being thicker at peaks by up to !90 nm. Figure 3f
shows the scanning electron micrograph of Sconst formed at 107 V
!see Fig. 1", revealing well-developed pores with a barrier layer
thickness of 117 ! 5 nm. The total film thickness is 850 ! 20 nm,
with the outer region disclosing fine pores. Small circular voids
separated by !100 nm were present in rows on the walls of the
major pores, as shown in the inset of Fig. 3f. The formation ratios
for the barrier layers beneath the deep pores of Smax and Sconst are
!1.10 nm V−1. The dependence of the total film thickness on the
anodizing time is shown in Fig. 4, which includes results from
specimens additional to the main ones of the study. The data are
Table I. Summary of results from NRA and RBS analysis.
Specimen
Potential
!V"
Anodizing
time
!s"
O RBS
"1015
atom cm−2#
16O NRA
"1015
atom cm−2#
18O NRA total
"1015
atom cm−2#
18O NR − natural 18O
"1015
atom cm−2#
Al
"1015
atom cm−2#
O16 + O18 NRA
"1015
atom cm−2# P/Al
S20 21 16 126.9 127.2 11.93 11.69 79.9 139.1 0.052
S40 41 35 270.7 257.9 12.05 11.79 165.4 270.0 0.050
S100 101 91 738.9 708.3 12.90 11.74 448.7 721.2 0.051
Smax 140 149 1360.1 1289.2 14.00 11.67 821.7 1303.2 0.057
Sconst 107 385 3809.0 3406.9 17.91 11.35 2305.0 3424.8 0.058
Sconst-ss 107 385 –– 3403.5 18.66 12.11 –– 3422.2 ––
1 µm
Figure 2. Scanning electron micrograph f the surface of the electropolished
aluminum.
50 nm
50 nm
100 nm
50 nm
(a)
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(f)
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200 nm
Figure 3. Transmission electron micro-
graphs of aluminum anodized in 0.4 M
phosphoric acid at 295 K to !a" 20 !S20",
!b" 40 !S40", !c" 60 !S60", !d" 100 !S100",
and !e" 140 V !Smax". !f" Scanning elec-
tron micrograph of "107 V !Sconst". Inset
shows secondary pores at walls of major
pores.
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Figure 1.1 Schematic diagram of the kinetics of porous oxide growth on aluminium in gal-
vanostatic regimes and TEM figures of aluminum oxide growth in 0.4 M H3PO4
at room temperature at 4.5 mAcm2(8)
Due to strong tendency of aluminum to react with oxygen, a few nanometer thick native
oxide is grown without requiring any power. When current is on, barrier type alumina is
generated in the first seconds of anodic oxidation in acidic or alkaline baths galvanostatically
or potentiostatically (Fig. 1.1,1.2, Stage 1). Barrier layer thickness depends on the formation
voltage, with a formation thickness on the order of 1 nm/V. Prior to any true pore formation,
relatively fine-featured pathways could be observed in the outer region of barrier oxide (Fig.
1.1,,1.2 Stage 2). The film/electrolyte interface becomes unstable due to perturbations in
the surface and can cause a local increase of electric field. The perturbations become self-
sustaining, leading the initiation of pores (Fig. 1.1,1.2 Stage 3). Finally, major steady-state
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Figure 1.2 Voltagetime response for aluminum anodized in 0.4 M H3PO4 at room temperature
at 4.5 mAcm2
pores are formed when voltage values become constant during constant current anodizing. The
cell dimension is related with anodizing voltage, the proportionality factor is nearly 2.5 nm/V.
During anodizing at steady state, oxide accumulates in the pore walls while the barrier oxide
thickness at the pore bottoms does not change.
1.2 Growth Kinetics of Oxide Films
Basic information on porous oxide film formation with main growth stages was presented
in the introduction section (1; 2; 3; 4; 5; 6; 7; 8; 9). Oxygen and aluminum ions react to
form aluminum oxide. During the anodizing, reactions take place at metal-oxide and oxide-
electrolyte interfaces. Transport of ions is fundamental process for oxide formation; therefore
in this section firstly we will explain ionic conduction mechanisms in oxide. Later, kinetics
and interfacial reactions will be introduced and transport numbers of anion and cations will be
presented.
41.2.1 Ionic conduction in oxide
Oxide films are grown on metal in conductive electrolyte under constant current density or
at constant applied voltage. Growth of oxide requires the transport of ions in oxide and there
are several models described to explain movement of ions in oxide and dependence of current
density on applied electric field. High field conduction (10; 11; 12) and point defect model
(13; 14; 15; 16; 17; 18) are the most cited models.
Guntherschulze and Betz (20) proposed the high field conduction model for the migration
of ionic species through the oxide film. High field conduction model is based on hopping
mechanism. According to the hopping mechanism, charge carriers jump from the regular sites or
interstitial position to nearby vacancies or interstitial positions. As it shown in Fig.1.3, hopping
mechanism requires an activation energy, W, to overcome the energy barriers. Activation energy
depends on field. As an electric field is applied, shape of the activation energy curve transform
from symmetrical to asymmetrical. Net conduction rate including both forward and reverse
directions is shown in the following equation
i = νρca
(−W
RT
){
exp
(αazFE
RT
)
− exp
(−(1− α)azFE
RT
)}
(1.1)
where ν is the hopping attempt frequency, ρc is the density of charge carriers, W is zero
field activation energy of ion hopping, α is the transfer coefficient of hopping, z is the charge
number of hopping ion and F is the Faradays constant.
Mostly accepted empirical exponential dependence of the ionic current density, ii, on the
electric field, E, is;
ii = icexp
(
βE
)
(1.2)
where ic is the metal dependent and β is the temperature dependent constants. During
the oxide growth, electric field is high in oxide (106-107 V/cm) so only the anodic current in
equation 2.1 is significant. The relationship between electric field and applied current density
can be represented as;
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Figure 1.8: Schematic representation of the energy barrier associated with the
transfer of a charge carrier between two adjacent planes, respectively in the ab-
sence and in the presence of an applied electric field (reproduced from Lohrengel
[139]).
contribute to the ionic current density, both the anionic and cationic current
densities are described by a high-field equation, with adequate coeﬃcients io,a,
io,c, βa and βc. The total ionic current density would be given by:
ii = io,a exp (βa · E) + io,c exp (βc · E). (1.24)
The latter expression is less straightforward than the classical high-field equa-
tion Eq.1.23 and contains four unknown parameters io,a, io,c, βa and βc instead
of two. However, in the literature, Eq.1.23 is generally used and it is postulated
that one type of charge carriers is largely dominating [92]. Finally, it should be
noted that the high-field model doesn’t involve any assumption as to whether
ions move through the oxide films as interstitials or through a vacancy migra-
tion mechanism.
Finally, it is worth mentioning the contributions of Bean [19], Young [264],
Kirchheim [114, 115] or Davenport [44] to further refine the high-field model.
According to Bean et al., the io factor of the high-field model is field depen-
dent in the low-field range. This eﬀect arises from a field-dependence of the
activation barrier associated with the production of interstitial metal cations.
According to Young, the ‘a’ parameter from the high-field equation, character-
ising the length of the jump between two adjacent positions is not constant but
Figure 1.3 Relationship between activation energy and migration of ions with t e dependence
on jump distance and el ctric field(19).
ii = νρca
(−W
RT
){
exp
(αazFE
RT
)}
(1.3)
Relati nship between current de sity and electric field are show in equation 2.2 and 2.3.
By equaling them, ic and beta can b defined as (19);
ic = νρca
(−W
RT
)
(1.4)
β =
(αazFE
RT
)
(1.5)
Another model to describe ionic conductivity in oxide is point defect model, published by
MacDonald et al (13; 14; ; 16). According to this model, both Schottky efects and anion
Frenkel defects should be accounted for ionic conduction (21). Point defect model assumes that
there is high concentration of positively charged (oxygen) and negatively charged (metal) point
defects (vacancies) in an dic oxide and th ir interaction between each her is negligible. Also,
diffusion of anions through the oxide film is the rate-limiting step of the process. According to
the model, the electric field is independent of thickness of oxide because it assumes a constant
6value characteristic of incipient breakdown. Furthermore, the metal and oxide vacancies are in
their equilibrium states at the metal/film and film/electrolyte interfaces. Interfaces reactions,
shown below, are responsible for the creation or the annihilation of vacancies.
• Metal/Film Interface
m ↔ Mm + x2 Vo + xe−
m + Vmx′ ↔ Mm+ xe−
• Film/Electrolyte Interface
Vo + H2O ↔ 2H+aq + Oo
Mm ↔ Vmx′ + Mx+aq
1.2.2 Kinetics and interfacial reactions
Oxidation of aluminum in conductive electrolyte proceeds with various kinetic reactions
at the metal and solution interface associated with the ionic species, Al3+ and O2−.Due to
solubility of oxide in acid solution, oxide cannot reach equilibrium. According to the Vetter-
Gorn model (22), ions in the oxide film are driven towards to oxide/electrolyte interface due
to strong electric field (106 to 107 V/cm). Metal desorption (2.7) and water dissociation (2.8)
are two main reactions occurred at the oxide-solution interface.
• Reactions at the metal-oxide interface
Al→ Al3+ + 3e− (1.6)
• Reactions at the oxide-solution interface
Al3+ox → Al3+aq (1.7)
H2Oaq → O2−ox + 2H+aq (1.8)
Total current density at the oxide-solution interface can be divided into two parts, oxygen
transfer current density, io (equation 2.8) and metal ion transfer current density, im (equa-
tion 2.17). Total current density passing through the oxide is the summation of oxygen and
7metal transfer current densities. The interfacial overpotential, ηI , drives the interface reactions
whereas conduction of the ionic species is driven by the potential drop across the oxide film.
Oxygen transfer current density can be written as;
io = i
◦
o
{
exp
(α+o φsF
RT
ηI
)
− exp
(α−o φsF
RT
ηI
)}
(1.9)
Metal transfer current density depends on the metal desorption reaction, 2.6. Metal transfer
current density, as shown below, has only one exponential term because reversal reaction of 2.7
is negligible.
im = i
◦
mexp
(αmφsF
RT
ηI
)
(1.10)
α−o , α−o and αm are the charge transfer coefficients with value for Al 1.90, 0.1 and 1.35
respectively. ic, i
◦
o ,i
◦
m are the kinetic coefficients (23; 24; 25; 26).
The ratio of the oxygen transfer current density over the total current density gives the
current efficiency, 0, which is defined as the fraction of current density that governs oxygen
ion transfer in oxide.
0 =
io
io + im
(1.11)
The efficiency is a function of potential drop or current density at the oxide/solution inter-
face, based on the kinetics of the surface reactions.
The potential of the electrode can be written as;
U = φs + ∆φ+ EAl/Al2O3 (1.12)
Where φs is the voltage drops at the solution interface, EAl/Al2O3 is the potential of alu-
minum in equilibrium with Al2O3. Voltage drop at the solution interface can be classified into
two main components;
φs = φ
◦
s + η (1.13)
8Where φ◦s is an equilibrium value for water dissociation reaction at the oxide/solution
interface and it remains constants with the passive region. η is the overpotential at the oxide-
electrolyte interface. Barrier oxide film thickness can be formulated with respect to anodizing
ratio (AR);
δox = V ? AR (1.14)
Direct relation with thickness of barrier oxide and forming voltage is valid approach due
to sensitivity of current on electric field as shown in equation 2.2. Anodizing ratio varies from
metal to metal because electric field strength is different for each metal. Electric field strength
influences the film growth because ionic current depends on the electric field strength across
the oxide film.
Thickness of oxide also related with the total charged consumed per unit area. Total volume
of oxide increases as the new oxide formed, and change in the volume of oxide can be expressed
using Faradays law;
∆Vox =
Moxq
ρoxzF
= A∆hox (1.15)
Where ∆Vox represents volume change in anodic oxide, Mox and ρox are the molecular
weight and density of oxide, z is the cation oxidation number, q is the charge density within
the oxide and F is the Faraday constant (27). Total charged consumed to oxide (q) is equal to
ojt so dividing volume to oxide surface area (A) will give the thickness of oxide dependence
on current density and density of oxide and this equation is only valid for constant current
anodizing;
hox(t) = hox(t = 0) + oit
( Moxq
ρoxzF
)
(1.16)
or with taken an limit to time ,t
dhox
t
= oi
( Mox
ρoxzF
)
(1.17)
where current density ,i is equal to current (j) per area (A).
91.2.3 Transport number
Relative fractions of the transported ions in the oxide film are represented as anion and
cation transport numbers. The relative ionic transport rates are important to understand the
formation of oxide during anodizing. The cation and anion transport numbers are represented
as tc and ta and their summation is unity. Different techniques were used to determine transport
number with the usage of markers. The main idea on these techniques is to implant immo-
bile markers on the oxide, and then follow position of markers during the subsequent anodic
oxidation. If metal ions are only mobile species in oxide, than markers will become buried in
oxide. However, if anions are alone mobile, than markers will remain close to oxide-electrolyte
interface (28).
Usage of inert gas, implanted in a preformed thin oxide film, fulfills these conditions. Mea-
suring the mean depth of markers, such as 125Xe (29), Xe (30; 31; 32), and 222Re (33; 34; 35),
allows calculating the transport numbers of metal and oxygen in anodic oxide film. The cation
transport number is calculated with using the ratio of the film thickness above the marker to
total growth oxide thickness.
Alternative to radiotracer measurements, Brown and Mackintosh (30) used Rutherford
backscattering technique to monitor the position of the marker and the thickness of the film
simultaneously without requiring radioisotopes. Shimizu et al (36) used transmission electron
microscopy to measure the transport number of aluminium and they found tAl as 0.44 that is
in a great agreement with Brown and Mackintosh results.
Khalil and Leach (33) found that transport number of metal does not change with respect
to oxide thickness under the constant current density. Lu (31) et al indicated the linear relation
between cation transport number and applied electric field.
Linear dependence of transport numbers on applied current density at room temperature
is shown in Fig.1.4. For different anodic oxides, the oxide structure influences the mechanism
of ionic transport. For instance, zirconium oxide grows predominantly by the inward flow of
oxygen and OH− ions because zirconium ions are practically immobile (29; 37).
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Figure 1.4 Relationship of aluminium transport number with applied current density in bar-
rier oxide film (29; 31; 34; 35).
1.3 Morphology of Anodic Oxide Film
Morphological terms used for porous oxide films are shown in Fig.1.5. Cell wall thickness
(cell size) is equal to 2a, cell diameter is shown as b, c represents the barrier layer thickness
and d is the pore diameter. Dependence of morphological terms on applied voltage and current
density for porous oxide film, growth either potentiostatically or galvanostatically, will be
discussed in this chapter.
Figure 1.5 Schematic diagram of porous oxide film, reproduced from reference (38).
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For the ordered pore arrays, linear relationship between interpore distance (cell size) of
potentiostatically grown porous oxide film and anodic voltage is shown in Fig.1.6. All anodizing
solutions follow the same scaling of interpore distance with voltage, but different ranges of
voltage are accessible with specific type of acid. Sulfuric acid causes the smallest pore size
whereas for the phosphoric acid case, porous film has larger pores. Same dependence on pore
distance also was found for the disordered pore films. Solid line, in Fig.1.6, was captured
from the disordered pore oxides for different electrolytes. In the earlier studies, proportionality
constant was varied between 1.6-2.8 nmV −1 for acid solution (38; 39; 40). Recently, Gosele et
al (41) published proportionally constant as 2.5 nmV −1. Nagayama et al (42; 43; 44) reported
relationship between cell diameter and voltage for galvanostatically grown porous films.
ent for the samples anodized in the three types of anodic
acid, the relative alumina thickness ratios, i.e., the volume
expansions, are very close to 1.4 in order to obtain ordered
pore arrangements. That is to say, the best ordering is
achieved for a moderate expansion factor of 1.4, independent
of which electrolyte is used. In contrast, Fig. 3 shows the
morphology of porous alumina with a volume expansion fac-
tor of 0.85 that was anodized in phosphoric acid under 120
V. Volume shrinkage, leading to tensile stress, was observed.
We can hardly see any ordered domains in the structures. A
series of studies show that ordered pore arrangement occurs
in a stable anodic state, i.e., stable voltage and current. How-
ever, under a lower voltage, although the anodic process is
very stable, the pore arrangements become more disordered
since the volume expansion factors become smaller. Under a
higher voltage, the volume expansion increases and some-
times cracks can be observed which explains the unstable
current, and the arrangements are disordered too. All these
results indicate that the volume expansion of the aluminum
during oxidation plays an important role and a moderate ex-
pansion value is most suitable for self-organized formation
in anodic alumina.
If aluminum is anodized to a ￿-alumina barrier layer
without pores, the volume expansion factor was reported to
be about 1.28.11 The specimens used in the present experi-
ments were electrochemically polished and annealed.
Stresses within the film arising from surface roughness and
residual stresses were therefore minimized. Moreover, the
anodic alumina film is known to be extremely fine grained.
Therefore, epitaxial stresses arising from lattice expansion
are confined to a few atomic layers. A rough calculation of
the magnitude of this stress may be made under the assump-
tion that stresses arise from the volume change which occurs
when aluminum is converted to porous aluminum oxide. The
linear elastic strain at the metal/oxide interface is given by
(￿3 VR￿1) where VR is the volume expansion factor for po-
rous alumina. For a classical cellular material with open
cells,12 the Young’s modulus Ep is related to the porosity ￿
and to the bulk property of the dense material according to
Ep￿Ealo￿1￿p ￿2, ￿1￿
where Ealo corresponds to bulk aluminum oxide. This rela-
tionship has been widely used to estimate stress in porous
silicon.13,14 The volume expansion factor for porous alumina
in the present experiment is about 1.4, and this corresponds
to a linear strain of 0.12. If the porosity is 0.10,6,9 stress in
porous alumina is calculated to be 4.0￿103 MPa ￿Young’s
modulus for the aluminum oxide film is 4.1￿104 MPa￿.15
For the anodic aluminum oxide without pores, the observa-
tion of compressive stress at low current densities appears
qualitatively consistent with the estimated stress of 3.6
￿103 MPa although the observed stress (￿2￿102 MPa) is
much less.11 This enables us to assume that the actual
stresses in these self-organized layers are of the order 4.0
￿103 MPa or less, which mainly depends on the volume
expansion since the exact stresses are hard to measure ex-
perimentally in these self-ordered structures.
To study the structural characteristics of the ordered pore
arrangements, Fig. 4 shows SEM micrographs of porous alu-
mina which were anodized under the same conditions as
those in Fig. 1 in lower magnifications. It can be found that
the pore configurations contain many perfectly ordered do-
mains. Within the domains, hexagonal pore arrangements
with the same orientation of the pore lattice were observed.
But the domains are only 1–3 ￿m, and they are separated
from neighboring domains with different lattice orientations
by grain boundaries. That is to say, the ordered pore arrange-
FIG. 3. Disordered pore arrangements of anodic alumina layers ￿bottom
view￿ anodized in 10 wt % phosphoric acid at 120 V. Pores were opened in
5 wt % phosphoric acid at 45 °C for 30 min.
FIG. 2. Interpore distance d in self-organized porous alumina vs anodic
voltage Ua for sulfuric, oxalic, and phosphoric acid solutions. The solid line
represents the relation d￿￿1.7￿2.81Ua ￿after Ref. 8￿.
TABLE I. Ratio of the thickness of the alumina layer grown to the thickness
of the aluminum layer consumed under different anodization conditions
which lead to the self-ordered hexagonal pore arrangements.
Electrolyte
￿acid￿
Concentration
￿wt %￿
Voltage
￿V￿
Temperature
￿°C￿
Thickness ratio
of alumina
to consumed Al
Oxalic 2.7 40 1 1.42
Sulfuric 20 19 1 1.41
1.7 25 10 1.40
1.7 25 1 1.36
Phosphoric 10 160 3 1.45
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Figure 1.6 Interpore distance dependence on anodic voltage for the self-organized anodic
porous alum na(45). The solid line represents the relation d=-1.7+2.81 Ua (43).
There is also a relationship between pore diameter and electrolyte at the same anodizing
voltage. Pore diameter is larger in the order of sulfuric acid 〈 oxalic acid 〈 chromic acid 〈
phosphoric acid (46). Ratio between pore diameter and voltage value is less than 1 nmV −1 for
sulfuric acid, about 1 nmV −1 for oxalic and chromic acid and 1.5 nmV −1 for phosphoric acid.
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Wood et al (47) (0.5-1.5 M) and Lin et al (48) (3.5-8M) revealed the influence of concentration
of the sulfate solution on ratio between pore diameter and voltage and they found the increase
of ratio from 0.98 nmV −1 to 1.8 nmV −1 from 0.5 to 8 M sulfuric acid, respectively. Menon
and Friedman (49) published the linear relationship between voltage, V and pore diameter, dp
with the formula: dp=1.44 V+17.95.
Another important morphological parameter is the porosity of oxide. Its defined as the
ratio of surface occupied by pores over the whole oxide surface. According to Ono et al (50),
it can be formulated as;
p = (dpore/dcell)
2 (1.18)
Where dpore and dcell are pore and cell diameter, respectively. They found that with the
increase in the formation voltage, porosity decreases. Gosele et al (41) found that self-ordered
porous alumina that grown in electrochemical conditions requires a porosity of 10 %, indepen-
dent of the any specific electrochemical conditions. Therefore, the scaling of pore diameter and
spacing with voltage are directly related.
Surface condition and pretreatment methods influences the quality of the ordered films.
Best condition to grow highly ordered porous aluminum oxide requires low surface roughness
before anodizing (51; 52; 53). Lo and Budiman (54) claimed that quality of the highly ordered
films can be improved by either annealing or electropolishing the aluminum before anodizing.
Example of highly ordered honeycomb shape oxide is shown in Fig.1.7.
Morphological properties and highly order film morphology also depends on the type of the
anodizing such as hard anodizing and conventional method, called as mild anodizing. For mild
anodizing, oxide films are growth at current density of 1-20 mAcm−2, however high current
densities are applied in hard anodizing method. In order to grow self-ordered aluminum oxide
pore arrays, under mild anodizing conditions, several days of processing time is required. On
the other hand, hard anodizing permits faster fabrication process at relatively low temperatures
(55; 56). Interpore distance difference of self-ordered pore arrays growth under mild and hard
anodizing conditions is shown in Fig.1.8.
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with subsequent anodization at the corresponding voltages.
In the smallest architecture formed at 40 V, the channel di-
ameter was 70 nm, and the interval was 100 nm, which cor-
responds to the packing density of 1010/cm2.
In the previous studies of naturally occurring ordering of
the cell configuration without the assistance of the predeter-
mined texture, the degree of self-ordering was strongly de-
pendent on the applied voltage which was determined by the
solution used for the anodization.6,7 In the case of anodiza-
tion in the oxalic acid solution, the most appropriate voltage
for the ordering was ￿40 V; the cell configurations were less
ordered above 60 V. However, with the aid of surface tex-
turing, no distinct difference in the degree of ordering of the
cell configuration could be observed within the range of an-
odizing voltage from 40 to 80 V used in the present experi-
ment, in so far as the anodization condition obeyed the rela-
tionship ￿2.5 nm/V￿ described above. It is thought that this
difference in the voltage dependence of the ordering between
these two growth modes, that is—the growth with and with-
out pretexturing, originates in the difference in the readiness
of the ordering of cell configuration. The naturally occurring
ordering is presumably strongly dependent on the applied
voltage compared to the growth using pretexturing, because
the rearrangement of the cell configuration through growth
must take place, in contrast to the ordering with texturing in
which the pore can develop orderly in the initial stage of
anodization.
Our experiment shows that the present process will be
suitable for the mass production of restrictedly ordered
nanochannel array architectures with a high aspect ratio. The
nanochannel array with long-range order will be a powerful
tool in the development of nanodevices. For example, long-
range periodicity is promising for the fabrication of huge
data storage systems in which the long-range ordering is es-
sential for tracking in read and write operations.
The ordered channel array obtained with the present pro-
cess can produce the highly ordered channel array in a vari-
ety of materials, such as metals and semiconductors using a
two-step replication process.8,11–14 Air-hole array architec-
tures replicated with high-refractive-index materials will be a
candidate for realizing the photonic band structure in the
visible wavelength region.
This work was partially supported by a Grant-in-Aid on
Priority Area ￿No. 225￿ from the Ministry of Education, Sci-
ence, Sports, and Culture, Japan.
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FIG. 4. SEM micrograph of cell configuration in barrier layer; anodization
condition was the same as that for Fig. 2. Al was removed in saturated
HgCl2 solution after pore-widening treatment in 5 wt % phosphoric acid at
30 °C for 30 min, and the barrier layer was removed by dipping the sample
in the phosphoric acid solution for 75 min.
FIG. 5. SEM micrographs of cell configuration in barrier layer with differ-
ent intervals of 100 nm ￿a￿, 150 nm ￿b￿, and 200 nm ￿c￿. Anodization
voltage were 40 V ￿a￿, 60 V ￿b￿, and 80 V ￿c￿. Anodization was conducted
in 0.3 M oxalic acid of 17 °C for ￿a￿ and ￿b￿, and 0.04 M oxalic acid of 3 °C
for ￿c￿. Thickness of the oxide films was approximately 3 ￿m.
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Figure 1.7 SEM images of cell configuration in barrier layer with different intervals of 100 nm
(a), 150 nm (b), 200 nm (c). Films were growth in 0.3 M Oxalic acid t 40 V for
(a), 0.3 M oxalic acid at 60 V for (b) and 0.04 M oxalic acid for (c), reproduced
from reference (51).
1.4 Influence of Electrolyte Species on Oxide
It has been shown above that type of electrolyte have an influence of morphological param-
eters for oxide films. Understanding the role of acid type is important factor for film formation
mechanism. In this section the distribution of anion incorporation in oxide will be described.
Also, hydrated layers in the oxide will be discussed, along with the effects of the nonuniform
oxide composition on the open circuit dissolution rate.
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Figure 3 A new and second regime of self-ordering for oxalic acid anodization.
Summary of self-ordering voltages and corresponding interpore distance (Dint) in
conventional MA in sulphuric (filled black squares)16,17, oxalic (filled red circle)15,17,20
and phosphoric acid (filled green triangle)18,21, together with recently reported results
by Chu et al. (open black squares)31. The black solid line represents the linear
regression of the data with a correlation parameter of ζMA = 2.5 nmV−1. The
coloured background for 100 nm< Dint < 400 nm represents the self-ordering
regime unexplored until now. The interpore distance (Dint) versus anodization voltage
observed in oxalic HA is plotted (red open circles) with the corresponding regression
line (black solid line). The correlation parameter estimated from the linear regression
is ζHA = 2.0 nmV−1. The inset shows the schematic cross-section of the porous
alumina structure with the barrier layer; Dint = interpore distance, Dp = pore
diameter, T= thickness of the pore wall, tbarrier = thickness of the barrier layer.
ranges of Dint = 200–300 nm, filling the gap that has not been
achieved by conventional MA processes. Previous studies indicate
that Dint of AAO formed under ordinary MA conditions using
H2SO4, H2C2O4 and H3PO4 is linearly dependent on the applied
voltage with a proportionality constant ζMA = 2.5 nmV−1 (refs 1,
40,43). However, the proportionality constant ζHA = 2.0 nmV−1
for AAO films formed by the HA process is lower than that for
the MA processes. The reduced ζ for HA could be attributed
to a reduced voltage dependence of the pore diameter (Dp)
and the barrier layer thickness (tbarrier) of anodic alumina under
high current density (that is, high electric field (E) at the pore
bottom). The voltage dependence of Dint can be expressed by
Dint = ζU = [Cpore +Cwalltbarrier]U , where CporeU and CwalltbarrierU
respectively represent the potential (U) dependence of the pore
diameter (Dp = CporeU) and the wall thickness (T = CwalltbarrierU)
of alumina nanopores with proportionality constants Cpore, Cwall
(see inset of Fig. 3).
According to microscopic analyses, the barrier layer thickness
for HA increases at a rate of tHAbarrier ∼ 1.0 nmV−1, which is ∼20%
smaller than tMAbarrier ∼ 1.3 nmV−1 for MA processes1,2. The reduced
tHAbarrier could be attributed to the high current density (j) involved
in the HA process in accordance with the high field conductivity
theory44,45; for valve metals, the current density (j) can be related to
the potential drop ("U) across the barrier layer of thickness tbarrier:
j = j0 exp(β"U/tbarrier), where j0 and β are material-dependent
constants at a given temperature and "U/tbarrier is the effective
electric field strength (E) across the barrier layer. For a given
anodization potential, the barrier layer thickness (tbarrier) is inversely
proportional to the logarithm of current density (j). We observed
differences in the chemical compositions of AAO films formed by
Table 1 MA versus HA in 0.3M H2C2O4 (1
◦C).
MA HA
Voltage (V) 40 110–150
Current density (mA cm−2) 5 30–250
Film growth rate (µmh−1) 2.0 (linear) 50–70 (nonlinear)
Porosity (P ; %) 10 3.3–3.4
Interpore distance (Dint; nm) 100 220–300
Pore diameter (Dp; nm) 40 49–59
Pore density (ρ; pores cm−2)∗ 1.0×1010 1.3–1.9×109
ζ (nmV−1)† 2.5 2.0
Water contents (wt%) 0.3–0.4 0.1
Carbon contents (wt%) 2.4 1.8
Density (g cm−3) 2.8 3.1
∗ Pore density (ρ )= (2/√3D 2int )×1014 cm−2 .
† Proportionality constant correlating the interpore distance (Dint ) of self-ordered anodic alumina with the
anodization voltage.
HA and MA (see Supplementary Information, Fig. S4). According
to quantitative analyses on carbon and water contents, hard
anodized samples showed a lower level of impurities, which might
explain the higher density of anodic alumina formed by the HA
process (Table 1). In addition, the differences in impurity levels
could influence the electrical and optical properties of the anodic
alumina films. In fact, the AAO films formed by HA (>100V)
were bright yellow, whereas AAO films prepared by MA (40V)
are transparent. Strong fracture behaviour has been reported for
anodic alumina formed in concentrated sulphuric acid solution at
high potentials (25–70V)31,34,35. These pore structures exhibit weak
cell junctions and the separation of individual alumina nanotubes
by weak mechanical forces. For the HA pore structures formed in
oxalic acid we observed very solid cell junctions. Like MA-anodized
alumina membranes, the cracks propagate across the nanopores
when strong mechanical forces are applied.
The microscopic analysis indicated that the pore diameter
(DHAp ) of anodic alumina for HA increases at a rate
of CHApore = 0.4 nmV−1, which is 55% lower than CMApore = 0.9 nmV−1
for MA. For a given anodization potential, the HA process yields
anodic alumina with a smaller Dp. It is reported that Dp is strongly
affected by the dissolution velocity of alumina that is determined
by the pH value at the pore bottom42. For HA, the reduced Dp
could be explained by enhanced proton activity at the pore bottom,
where significant Joule heating occurs as a result of the high current
density (that is, high electric field E).
It can be assumed that the rapid oxide formation due to the
high current density will generate a high mechanical stress at the
metal/oxide interface due to the associated volume expansion40,41.
Under this energetically unfavourable condition, the anodization
will proceed in such a way that the resulting mechanical stress
is minimized. This can be achieved by reducing the cell size to
enlarge the surface area of the metal/oxide interface. The ion
mobility within the barrier oxide and the degree of field-stimulated
local oxide dissolution should be adjusted accordingly. Because
the interfacial stress increases with the oxide growth rate at the
metal/oxide interface40,41, the size of the cells should decrease with
current density for a given anodization voltage. Therefore, ζHA for
anodic alumina formed by HA should be smaller than that for AAO
formed by MA. It is also expected that the high interfacial stress
gives rise to a repulsive force between the pore cells at the barrier
layer. In analogy to MA, we propose that the repulsive interactions
are the main driving force for the self-organized formation of the
hexagonal pore arrays40,41. In other words, the high current density
in HA plays an important role in determining the self-ordering of
the oxide nanopores as well as the cell size.
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Figure 1.8 Dependence of cell diameter on anodizing voltage and electrolyte. Filled symbols
are for ild anodizi and open symbols r resents hard anodizing conditions.
Black color used for sulfuric acid, red on is for oxalic and phosphoric acid is shown
with green color (56).
1.4.1 Anion incorporation
Existence of electrolyte species in barrier oxide was demonstrated with nuclear analys s (57),
secondary ion mass spectrometry (58), scanning transmission electron microscope with EDAX
(59), and glow discharge optical emission spectrometry (60). Shimizu et al (61) determined
the relative thickness of the anion-incorporated layer with respect to pure oxide for various
oxide types. Transmission electron microscopy was used to capture crystallization of oxide film
that was exposure to electron beam. Crystallization rate of pure oxide layer was appreciably
higher than contaminated oxide layer, so thickness of contaminated layer to total oxide can be
measured. Fig.1.9 represents the distribution of phosphate in the oxide and film dissolution
behavior during chemical sectioning. Clearly, the oxide film consists of two layers; anion con-
taminated layer and inner layer c nsisti g of rel tively pure Al2O3. Acid anion contaminated
oxide layers are located in the outer part of the dense film near the oxide/electrolyte in erface,
whereas inside part of oxide, close to metal, is consisted of relatively pure oxide.
Amount of anion incorporated oxide layer depends on applied current density, pH of so-
lution, bulk electrolyte concentration and type of electrolyte. Nagayama et al (62; 63) found
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Effect of pH on the Distribution of Anions in Anodic Oxide Films 
Formed on Aluminum in Phosphate Solutions 
H. Takahashi,* K. Fujimoto, and M. Nagayama 
Analytical Chemistry Laboratory, Faculty of Engineering, Hokkaido University, Sapporo 060, Japan 
ABSTRACT 
The composit ion of anodic oxide films anodically formed on a luminum in phosphate solutions with different pH's was 
examined by chemical sectioning in a sulfuric acid solution combined with impedance measurements,  solution analysis, 
and electron microscopy. The oxide films were found to consist of two layers: an outer layer containing phosphate and an 
inner layer consisting of pure AI20~. With increasing pH of the anodizing solution, the thickness of  the outer layer in- 
creases and the phosphate concentration in the outer layer decreases. In the chemical sectioning, the dissolution rate of 
the outer layer increases with anodizing solution pH, while the dissolution rate of the inner layer is slower and unaffected 
by the anodizing solution pH. For the outer layer, there is a linear relationship between the phosphate concentration and 
the sectioning rate in the sulfuric acid solution. The mechanism of film formation during anodizing is discussed in terms 
of A13§ transport through the oxide. 
Previous papers (1, 2) have described a technique to de- 
termine the in-depth anion distribution in barrier-type 
oxide films anodically formed on aluminum in a neutral 
phosphate solution. The technqiue consists of chemical 
dissolution (sectioning) of the oxide in a sulfuric acid solu- 
tion, followed by XPS analysis, solution analysis, imped- 
ance measurements,  and electron microscopy. The results 
may be summarized as follows. 
1. During the chemical sectioning, oxide films thin uni- 
formly at a constant rate. The thinning slows down when 
the outer oxide is completely removed (Fig. la). The thin- 
ning behavior examined by impedance measurements 
agrees quite well with that obtained by chemical analysis 
and electron microscopy. The impedance method was 
found to be the most accurate and convenient  in monitor- 
ing the sectioning behavior. 
2. The outer layer contains a small amount  of phosphate 
distributed uniformly except  for a very high phosphate 
concentration in the outermost part. The inner layer does 
not contain any phosphate. (Fig. lb) 
3. Both the phosphate concentration in the outer layer, 
Wp, and thickness ratio between the outer and inner layers, 
8out/5i,, increase with anodizing c.d. but do not change with 
anodizing time or total film thickness at constant c.d. The 
sectioning rate of the outer layer increases with anodizing 
c.d., but for the inner layer it is independent  of c.d. 
The results of 1 and 2 are consistent with findings by 
using a radioactive tracer technique (3) and SIMS analysis 
(4). To understand better the formation mechanism of 
oxide films on aluminum in phosphate solutions, the an- 
odizing behavior must  be surveyed  over a wide range of 
electrolytic parameters, c.d., anode potentials, tempera- 
tures, and solution concentrations, as well as solution pH. 
The present investigation reports the effect of the pH of 
the anodizing solution on the phosphate distribution in the 
oxide examined by a method developed previously (2). 
The effects of temperature and solution concentration will 
be reported in a separate paper. 
Experimental 
Materials and anodizing.--Pure, 99.994%, tag-shaped 
a luminum foil coupons (area 6 cm 2) were used as speci- 
mens. After electropolishing they were immersed in a hot 
H3PO4/H2CrO4 solution to remove the formed oxide. Fur- 
ther details of the procedure may be found elsewhere (2). 
Phosphate  solutions at 0.1M with different pH's (1.7-9.3) 
were prepared by mixing 0.1M solutions of H3PO4, 
(NI-I4)H2PO4, (NH4)2HPO4, and (NH4)3PO4. Anodizing was 
carried out by applying a constant c.d., of ia = 1.0 mA/cm: 
until the anode potential reached Ea = 50.0V (vs. SCE). The 
solutions were constantly stirred and kept at 20~ during 
anodizing. 
* Electrochemical Society Active Member. 
Determination of W.--The amount of dissolved AP* ions 
during anodizing, Wd, was measured by analyzing the solu- 
tion by an oxinate extraction method (5). The amount  of  
A13§ ions incorporated in the oxide, Wo, was calculated by 
substracting Wd from the anodized A1, Wa, obtained from 
the amount of charge passed during anodizing. W0 = Wa - 
Wd. This is possible, as there is no other electrochemical re- 
action, such as 02 evolution, that occurred at the anode. 
Electron microscopy.--In one series of experiments the 
changes in the film structure with the anodizing pH were 
examined by electron microscopy. Anodized specimens 
were embedded in epoxy resin and ultrathin sections were 
cut with a Porter-1 ultra microtome with a diamond knife. 
The thin sections were put on copper grids for examina- 
tion in a Hitachi Model HU-12A electron microscope (6). 
Chemical sectioning of the film.--In a further series of ex- 
periments, the anodized specimens were repeatedly rinsed 
with water and immersed in a 2M H2SO4 solution at 60~ to 
section the oxide. To monitor the changes in the film thick- 
ness, the time variation in the reciprocal of the parallel ca- 
pacitance of  the specimen 1/Cp was measured in a neutral 
boric acid/borate solution at 20~ using a Solartron 1172 
model  Frequency Response Analyzer at 100 Hz (2). 
After completely dissolving the oxide, the amount  of 
phosphate in solution, Wp, was measured by a molybde- 
num blue method (5); this amount  corresponds to the total 
amount  of phosphate included in the oxide during an- 
odizing. 
Results 
Formation of oxide fi lms.--The time variation in the 
anode potential (Ea vs. ta relationship) measured at differ- 
ent pH's is shown in Fig. 2. It is seen that E~ increases lin- 
early with ta and the slope increases with increasing solu- 
tion pH up to pH = 6.4; it remains constant between pH = 
6.4 and 8.0 and becomes smaller at pH - 9.3. Such a pH de- 
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Fig. 1. Schematic models of (a) the film dissolution behavior during 
the chemical sectioning and (b) the phosphate distribution in the oxide. 
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Figure 1.9 Schematic model of film dissolution behavior with phosphate distribution (63).
that for galvanostatically growth barrier oxide film, ratio of inner and outer part thickness and
phosphate concentration in the outer part does not change with respect to total film thick-
ness. However, increasing of the applied constant current density causes increase of the ratio
of δout/δin and phosphate concentration in the contaminated layer. Using electron microscope
results, Wood et al (64) depicted the ratio of the thickness of contaminated outer part of oxide
to relative pure alumina and it increased in the order chromic acid , phosphoric acid , oxalic
acid and sulphuric acid, respectively.
1.4.2 Hydrated layer
Some studies have found evidence of a hydrate oxide layer near the outer surface of the
anodic oxide film (62; 65; 66) .The hydrated layer is produced by inward migration of OH− ions
with the field (67). Pryor et al (68) focused on the distribution of the resistance in the anodic
oxide films on aluminum. While oxide was thinning by open circuit dissolution, they measured
the capacitance and dielectric losses at different frequencies and at different thicknesses. They
found lower ionic resistivity invariantly from 2-6 nm deep from the oxide-electrolyte interface,
which could be due to presence of OH− ions in that region.
Thompson et al (69) studied the distribution of hydroxyl ions at the barrier oxide surface us-
ing XPS and medium energy ion scattering techniques. They claimed that hydroxyl formation
at the outermost oxide could result from the formation of gel-like material at the oxide-solution
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interface. Fig.1.10 indicates even air-formed oxide layer have an outer layer consisting of hy-
droxyl ions. The thickness of the hydrated layer increases, as oxide is getting thicker during
formation of oxide.
Hydroxyl ions on anodic alumina 655
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Figure 7. The MEIS spectrum collected at a scattering angle of 90° from a 10 nm thick anodic film grown in a borate electrolyte on
electropolished superpure aluminium.
Figure 8. Variation of the thickness of the oxygen-rich layer
versus anodic oxide thickness determined by TEM
!R2 D 0.93". The two points at each voltage represent the
extremes that can be read from the MEIS spectra.
ions.31,32 However, this effect cannot be the reason for the
O peak observed here because a non-equilibrium charge-
derived peak would also occur on the Al signal and such
peaks are far narrower than the peak seen here and would
not be resolved with the system resolution employed here.
It is concluded that the fine O peak seen is due to a region of
enrichedO located at the surface. From comparisonwith XPS
this region of increased oxygen concentration is consistent
with the presence of a hydrated layer, such as AlOOH
!O/Al D 2.0" or an Al(OH)3 Al2O3 mixture !O/Al > 1.5",
compared with Al2O3 !O/Al D 1.5". Quantification of the
thickness of this region is possible by measuring the ion
energy range over which it is evident. This energy then
can be converted to a depth (thickness) using the known
scattering geometry and a stopping power of 220 eV nm!1
for Al2O3 from (stopping and range of ions inmatter) SRIM33
using a density of 3.1 g cm!3. In Fig. 8 the outer layer
thickness is plotted against overall anodic film thickness,
where a linear relationship is revealed. From this, a schematic
representation of the relationship between the hydroxyl-ion-
containing layer thickness and the anodic film thickness is
presented in Fig. 9. This reveals an increase of hydroxyl ion
contribution because metal is consumed to generate anodic
films of increased thickness in the ammonium pentaborate
electrolyte.
DISCUSSION
General consideration
The growth of anodic films on aluminium in so-called barrier
film-forming solutions proceeds by Al3C egress and O2!
Figure 9. Schematic diagram showing the relationship between the hydrated layer thickness and the anodic film thickness.
Copyright  2003 John Wiley & Sons, Ltd. Surf. Interface Anal. 2003; 35: 649–657
Figure 1.10 Schematic Figure to show the relation between thicknesses of hydrated layer with
barrier oxide (69).
1.4.3 Open circuit dissolution of oxide
Open circuit dissolution of anodic oxides was used in this work to reveal distributions of
residual stress. As mentioned at the previous sub-section, oxide layers may have more than one
dissolution rate. Awad et al (70) studied the forming voltage effects on the dissolution rate for
the aluminum oxide grown at constant current density in phosphoric acid. After forming oxide,
they transferred the electrode to an impedance cell containing same solution as oxide growth
in. Variation of the measured capacitance was recorded with time and measured capacitance
is taken as a direct function of film thickness. Fig.1.11 clearly represents required dissolution
time to dissolve the formed barrier oxide increases as the oxide becomes thicker. They have
observed only one distinct dissolution rate for the oxide formed until 10 and 20 V, whereas
oxide formed until 30 V apparently indicates two distinct rates.
Vrublevsky et al (71; 72; 73; 74) focused on the barrier layer of the porous oxide films on
aluminum. They applied the re-anodizing technique to monitor the thickness change during
the open circuit period. As for the barrier oxide film, the barrier layer of the porous film also
has distinct dissolution rates depending on the anion concentration. As shown in Fig.1.12, the
17
ANODIC OXIDE FILMS ON AI IN H3PO 4 195 
where Cm is the measured capacitance (p.F cm-  2) at time t, and K is the dissolution 
constant (cm z ~tF- 1 min-  1). 
The inflection in each relation indicates that the rate of dissolution is abruptly 
changed from a higher to a lower value. From this it is inferred that the inflection 
occurs after complete dissolution of the outer porous layer and the beginning of 
dissolution of the inner barrier layer. There is some difference in the slopes of the 
relations before the inflections which shows that the pretreatment conditions of the 
oxide covered electrode affect the subsequent dissolution of the outer porous layer. 
The slope after the inflection is not much affected, which indicates that the 
pretreatment of the oxide does not bring about changes in the inner barrier layer. 
3.2. Effect o f formation voltage 
The effect of  formation voltage on the total anodic oxide film thickness was 
investigated. The anodic oxide on aluminium was formed at a c.d. of 7 mA cm-  2 in 
0 .1N H3PO 4 up to polarization intervals of 10, 20, 40 or 50V. The circuit was 
interrupted after reaching the required voltage by transferring the electrode to the 
impedance cell. The open-circuit impedance and potential were followed as a 
function of  time. 
It is clear from Fig. 2 that the total oxide thickness increases with formation 
voltage. For 10 and 20 V there is one inflection, but higher formation voltages are 
characterized by two inflections. This indicates that high formation voltages are 
associated with three rates of dissolution at different time intervals. R m was 
observed to decrease with time in accordance with oxide dissolution. Also, the open- 
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Figure 1.11 Dependence of rate of dissolution on the final applied voltage for aluminium oxide
film growth at 7 mAcm−2 in 0.1N Phosphoric acid. Oxide films were dissolved in
the same solution that they were growth (70).
thickness of the middle dissolution rate layer is decreasing with increasing anodizing voltage in
both oxalic and phosphoric acid.
highest dissolution rate and the inner layer with a low
dissolution rate.
The following regularity for a three-layer structure
of the barrier oxide layer of porous films formed at 60
and 65 V can be distinguished: a higher anodizing
voltage leads to a smaller thickness fraction (%) of the
middle layer with the highest dissolution rate and to a
greater thickness fraction (%) of the outer layer in the
barrier film.
Our results have shown that the anodizing voltages
that characterize the change in the growth mechanism
of porous alumina films in oxalic acid are approxi-
mately equal on 98 and 99.9% aluminum and depend
on the nature of the electrolyte. The slight difference
is that the anodizing voltage equals 55 V on 98%
aluminum and 57 Von 99.9% aluminum. In case these
voltages were equal there would be no difference in
the structure of barrier layers formed at 60 V in oxalic
acid. However, such a difference exists and leads to the
following results: about 17% of the barrier layer
thickness of anodic films formed at 60 V on 98%
aluminum is the outer layer, and about 70% is the
middle layer [3]. On the other hand, about 13% of the
barrier layer thickness of anodic films formed at 60 V
on 99.9% aluminum is the outer layer and 77% is the
middle layer (Fig. 7). From these results we can
conclude that in case of pure aluminum the change in
the growth mechanism of porous alumina films takes
place at a little higher anodizing voltage than on the
98% aluminum and, therefore, the thickness of the
outer layer (%) is less.
As it has been recently shown [7], below the value
of the anodizing voltage that characterizes the change
in the growthmechanism of porous alumina film (57 V
for oxalic acid) the electrolyte/anodic oxide junction is
injecting for negative charge carriers (electrons) from
the electrolyte. Above this anodizing voltage the
electrolyte/anodic oxide junction is injecting for
positive charge carriers, for example protons or
H3O
+ ions. That is why we suggest that the formation
of the outer layer of barrier oxide with a high
dissolution rate is linked with the injection of protons
or H3O
+ ions from the electrolyte into the oxide film at
the anodizing voltages above 57 V.
4. Conclusions
1. When the anodizing voltage reaches 57 V in oxalic
acid, the change in the porous film growth
mechanism takes place. As a result of the change
in the growth mechanism of porous alumina above
57 V, the change in the amount of regions in the
barrier oxide with different dissolution rates is
observed.
2. The following interplay between the anodizing
voltage and the amount of layers in the barrier
oxide according to the dissolution rate has been
established for porous alumina films formed in
oxalic acid. The barrier oxide formed at 50 V has a
two-layer structure: the outer layer with the highest
dissolution rate and the inner layer with a low
dissolution rate. The barrier oxide contains three
layers at 60 V and above it: the outer layer with a
high dissolution rate, the middle layer with the
highest dissolution rate and the inner layer with a
low dissolution rate.
3. A higher anodizing voltage leads to a higher
dissolution rate of the middle layer of barrier oxide.
The dissolution rate of the inner layer of barrier
oxide is less than the dissolution rates of the outer
and middle layers and does not depend on the
anodizing voltage.
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Fig. 7. The barrier layer thicknesses (%) with different dissolution
rates for porous films formed in oxalic acid at 50, 60 and 65 V
obtained by analysis of the curves in Fig. 5.
layer thickness of alumina in phosphoric acid as well
as in [4]. This nm V!1 ratio for anodic Al oxide was
defined in [4] by electron microscopy for re-anodizing
in the neutral borate solution.
Fig. 6 demonstrates the barrier layer thicknesses
with different dissolution rates for porous films
formed in phosphoric acid at 35, 40 and 50 V without
annealing.
As it can be seen from Fig. 6 the barrier oxide of
the porous alumina film formed at 35 V has a two-
layered structure: the outer layer with the highest
dissolution rate and the inner layer with low
dissolution rate. The barrier oxide of films formed
at 40 V and above it has a three-layered structure: the
outer layer with high dissolution rate, the middle layer
with the highest dissolution rate and the inner layer
with low dissolution rate.
The following regularity for three-layered structure
of the barrier oxide layer of porous films formed at 40
and 50 V can be distinguished: a higher anodizing
voltage leads to a smaller thickness fraction (%) of the
middle layer with the highest dissolution rate and to a
greater thickness fraction (%) of the outer layer in the
barrier film.
4. Discussion
4.1. Structure of the barrier oxide layer according
to the dissolution rate
As it can be seen from Figs. 4 and 5 a higher
anodizing voltage leads to a higher dissolution rate of
the outer and middle layers of oxide films. The
difference between the dissolution rates in this case
can be explained by the influence of the amount of
incorporated acid anions. As it is known the amount
of incorporated acid anions in anodic oxide films
increases with increasing anodizing voltage. The
dissolution rates of the inner oxide layer of porous
films formed at different anodizing voltages are
approximately equal 0.3 nm min!1. As it can be seen
from Fig. 3 about 62% of the barrier layer thickness of
porous films formed in phosphoric acid at 35 V is the
outer layer and the other about 38% is the inner layer.
With increasing anodizing voltage the inner layer
thickness (%) does not change. The obtained results
are in good agreement with data in [4] for the
dissolution of oxide films and thicknesses of layers
containing anions of phosphoric acid that were
determined chemically in [3]. The behaviour of
dissolution of oxide films without annealing (Figs. 3–
5) shows that according to the anodizing voltage the
barrier oxide formed in phosphoric acid may have two
or three layers. As it is shown in [8], for oxide films
formed in phosphoric acid on aluminum this can be
explained by the change in the growth mechanism of
porous alumina films at 38 V and above it.
I. Vrublevsky et al. / Applied Surface Science 252 (2006) 5100–5108 5105
Fig. 5. Change in the bending voltage with the dissolution time in
2 mol dm!3 sulphuric acid at 50 8C. Porous alumina films were
formed in the 4% phosphoric acid at 20 8C at the potentiostatic
regime at 50 V for 6 min. Annealing was carried out at the tem-
perature of 200 8C for 1 h.
Fig. 6. The barrier layer thicknesses (%) with different dissolution
rates for porous films formed in phosphoric acid at 35, 40 and 50 V
without annealing obtained by analysis of the curves in Figs. 3–5.Figure 1.12 The b rrier lay r thickness of porous oxide film with different dissolution rate
formed in oxalic (left) and phosphoric acid (right).
Nagayama et al (62) investigated th influe ce of applied urr nt density n the open circuit
dissolution rate of oxide film. Barrier oxide films were growth in neutral phosphate solution
galvanostatically until different thicknesses. Capacitance values during open circuit period
were recorded and they were directly related with the thickness of the oxid . Fig.1.13 shows
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that as current density increases, outer layer of the oxide film becomes thicker. Moreover, the
total required time to dissolve the growth anodic film becomes shorter with the increase of the
current density.
1860 J. Electrochem. Sac.: S O L I D - S T A T E  SCIENCE AND T E C H N O L O G Y  Augus t  1984 
0.08 
0.06 O 
0.04 
0 
E 
a_ 0.02 
% 
. . . . . .  Solution 
~=lmA/cm 2 
L 
 9 9. 70 Eo.=IOOV 
/ , 1 %  , 
~0 ]~0 6 0 '  80 ' I00 120 
Distance from oxide/solution interface , nrn 
Fig. 12. Effect of anode potential, Ea, on the depth profile of the P/AI 
mole ratio across oxide films formed by anodizing with 1.0 mA/cm ~. 
0.10 . . . .  
I 0.08L Ea = 50V (vs.SCE) 
O 
~0.06 
e 
o 0.04 
~" 0.02 
~1 10 mA/cm 2 
0.1 10 1 
o ;  2 ;  
Distance from oxide/solution interface ~, nm 
Fig. 13. Effect of c.d. on the depth profile of P/AI mole ratio across 
oxide films formed by anodizing to 50V (vs. SCE). 
I ~.-IIC'~ . . . . . .  12 
i, 
- ~. 
I 1/ c~ ~ , , , , 
V 0 10 20 30 40 50 60 70 
Dissolution time td, rain 
Fig. 14. Time variation in the reciprocal capacitance, 1/C,, during the 
sectioning of oxide films formed by anodizing with different c.d. to 50V 
(vs. SCE). 
D i s c u s s i o n  
Mechanism controlling the composition profile.--It was 
shown above that phosphate is included only in the outer 
part of the oxide and its concentration increases as the 
anodizing c.d. is increased. This may be explained by the 
model for film growth shown in Fig. 15. When anodizing, 
oxide forms both at the metal/oxide and oxide/solution 
interfaces corresponding to the field-assisted transport of 
O 2- and AP § ions through the oxide. Here, AP + ions reach- 
ing the oxide/solution interface react with PO43- as well 
as 02- ions to form the outer phosphate incorporating 
part of the oxide, whereas O ~- ions arriving at the oxide/ 
metal interface react with AP + ions to form the inner part 
consisting of pure alumina. The reason why phosphate is 
not included in the inner part is explained on the assump- 
tion that phosphate is almost immobile in the oxide be- 
cause of its larger size. This assumption agrees with the 
fact that the phosphate concentration is almost constant 
throughout  the outer part of the oxide except  for the out- 
ermost  part, where the concentration is considerably 
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Fig. 15. Schematic model showing the transport of ions across the ox- 
ide film during anodizing in a neutral phosphate solution. 
higher. Thus phosphate can be used as a marker to esti- 
mate the transport number  of AP ~, TA13+. Provided there is 
no dissolution of oxide during anodizing, TA~3 + would be 
equal to the thickness of the outer part divided by the to- 
tal thickness of the oxide. As some dissolution is unavoid- 
able, the exact determination of TAI~ + will be described 
later. 
Using the XPS data shown in Fig. 7, the chemical com- 
position of the outer part of the 50V film can be deter- 
mined. Assuming A12Ox(OH)y(PO4)~, the composition is 
Al~O2.,2(OH),.48(PO4)0.,.~6. Alternatively, assuming A120~(PO~)~ - 
ZH~O, the composition becomes A1202.,~(PO4)0.0~,  9 0.26H:,O. 
The XPS spectra for O ls cannot predict which formula 
applies, because of the similarity in the binding energy of 
O ls for OH- and H20 species (Fig. 8). It is, however, notable 
that both formulas allow a 0.4%-0.5% proton content in 
the outer part. This implies that OH-  ions rather than 02- 
ions move in the outer part, but protons may move back 
from the boundary between the inner and outer parts, as 
suggested by Hoar and Matt (10). 
Lanford et al. (4) have measured the proton profiles in 
barrier type oxide films with a nuclear reaction tech- 
nique and reported only 0.17 w/o as H.20 (0.02 w/o as pro- 
ton) in the outer surface. The cause of the discrepancy be- 
tween this proton content and the one obtained in the 
present study is not clear, but the difference seems to de- 
pend upon the difference in anodizing conditions. Karma 
et al. (3) reported that the proton concentration in the 
outer part is almost zero after keeping the specimen at a 
constant anode potential after anodizing galvanostati- 
cally. 
The high concentration of phosphate at the outermost 
part is considered to be either due to adsorption of phos- 
phate during anodizing (1) or due to a thin film formed 
by the immersion of the specimen in the H3POJCrO3 solu- 
tion prior to the anodizing. In an XPS study to be pub- 
lished, we found a 5 nm hydrous oxide layer, which con- 
tains a high concentrat ion 'of  phosphate, is formed by the 
immersion of electropolished specimens in the H3POJ 
CrO3 solution (11). The hydrous oxide layer appears to play 
an important role in the formation of the oxide layer dur- 
ing the subsequent anodizing; the aoJ6~n value is different 
between anodic oxide films on electropolished speci- 
mens and films on specimens electropolished and then 
immersed in the H3POJCrO~ solution (11). The lack of in- 
ner layer for oxide films formed at less than 20V may be 
related with the action of the pre-existing layer. 
The effect of c.d. on the phosphate concentration in the 
outer part may be explained in the following manner. It is 
certain that any increase in the anodic c.d. is associated 
with the increase in the electric field at the oxide/solu- 
tion and oxide/metal interfaces as well as that across the 
bulk oxide. The increase in the electric field in turn en- 
hances the deprotonation of H~PO4- and HPO42- ions to 
form the more negatively charged species PO43-, which 
has a higher coordinating ability toward A13. ions. Depro- 
tonation of H20 to form O H -  and O "- is also facilitated, 
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Figure 1.13 Reciprocal capacitance change during the etching of oxide films formed by an-
odizing with different current density up to 50 V (62)
1.5 Field Assisted Oxide Dissolution
Early studies proposed oxide dissolution is responsible for por us oxide growth. I was
thought oxide removal a the pore bottom by oxide dissolution maintained the invarianc in
the porous oxide geometry. Earlier studies by Hunter and his co-workers (39; 75) suggested that
elevated temperature out at the bottom of the pores, due to local Joule heating, as a reason
for chemical dissolution. Wood and OSullivan (38) represented effect of local Joule heating on
pore diameters, while claimed it was not a major factor on pore grow.
The work by Wood and OSullivan (38) supported quantitative results to explain the mech-
anism of pore formation on metals. They suggested water as a main source of oxygen ions in
the oxide. They measured the steady state barrier layer thickness, pore size and pore spacing
and then they found a dependence of these parameters into forming voltage value. From their
experimental observations, electric field is concentrated at pore bottom and due to greater
E-field at the pore bottom; the dissolution rate became the greatest at the pore base.
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Hoar and Mott (76) proposed their migration based model. They claimed that oxygen
ions move through the oxide/metal interface under the direction of electric field while Al ions
dissolves at the pore bottom, so interface at the pore bottoms moves due to migration of oxy-
gen. However, field assisted dissolution model ascribes dissolution of oxide at the pore bottom
and losing oxygen and metal ions in electrolyte. These competing models were tested later by
measuring the loss of the oxygen ions with oxygen tracer experiments. In oxygen tracer exper-
iment, the initially oxide layer was grown in 18O-enriched acid solution; following by anodizing
in 18O depleted solution until porous oxide formed. Nuclear microanalysis method was used to
measure amount of 18O in oxide before and after anodizing in 18O depleted electrolyte. Using
this technique, Seijka et al (77; 78) found most of 18O ions were retained in oxide layer during
anodizing in nonenriched solution so their results are contradicted with the field assisted oxide
dissolution theory. Moreover, oxygen atoms of initial oxide was located at the top of the pore
walls of the film possible due to transport oxygen ions from pore base to pore walls. Using the
same method, Thompson et al8 found decreasing 18O-enriched barrier layer without losing 18O
to electrolyte owing to oxygen transport to pore walls.
1.6 Instability and Pore Initiation
Anodic oxide films display distinct morphological features at different stages during forma-
tion. As shown in Fig.1.1, surface roughness features, which become visible during the growth
stage 2, lead directly to pore initiation during growth stage 3. Linear stability analysis has
been applied to predict the experimental parameters that control pattern formation and this
analysis is used to identify self-ordering regimes, i.e. ranges of these parameters that seem
to promote ordered oxide layers. The principle of the analysis is to perturb the variables in
the equations controlling the motion of the interfaces. Perturbed variables (such as chemical
potentials of ions and electrostatic potential) are represented as Fourier components
φ
′
= ξexp(iqx+ wt) (1.19)
20
where x and q are the coordinate and spatial frequency, respectively and w is the growth rate
of the perturbation. Chemical potential of ions (µi) and potential (φ ) can be expressed as the
linear combination of steady state components Ci , φ and the perturbed ones C
′
i ,φ
′
,respectively
µi = µi(x) + µ
′
i(x, y, z) (1.20)
φi = φi(x) + φ
′
i(x, y, z) (1.21)
Fourier modes enable to transform variables into periodic wave function form. Linear
instability analysis is applicable only for the initial stage of perturbation when perturbations
are still small in amplitude.
Several perturbation models (79; 80; 81; 82; 83; 84) have considered instability mechanisms
arising from nonlinear interfacial reactions and suggested that instability is results from elec-
trochemical kinetics at oxide/solution interface. The Parkhutik and Shershulsky (9) model
describes the morphological evaluation of anodic oxide film, however, their model does not
include linear instability analysis. In their model, the electric field distribution was controlled
by Laplace equation. Faradays law was applied to calculate the velocity of the metal-oxide
interface based on the rate of metal oxidation and the velocity at the oxide-electrolyte inter-
face was determined by oxidation and dissolution terms. Their calculation was based on the
constant barrier layer thickness and invariance of the pore bottom geometry during the steady
state anodizing. The predicted relationship between cell size and applied anodic voltage values
for Al anodizing in different acids were found to be similar to experimental results. Their work
was the first analysis of pattern formation for porous anodic films.
Singh et al (81) extended previous models by including the effects on activation energies of
interfacial reactions of Laplace pressure and elastic stress due to volume expansion of oxide at
metal/oxide interface. They neglected the perturbations of the electric field due to nonlinear
ion migration in their initial model. Instability was controlled competition between electric
field depended chemical reactions (destabilizing factor) and surface energy (stabilizing factor)
at long wavelengths. Their analysis suggests oxide surface instability for a specific voltage and
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pH value at well-defined wavelength. Later, an extended model (79) included the elastic stress
on surface instability. Golovin et al further extended perturbation analysis by incorporating
non-linear conduction (82) and oxygen migration (83). In these models, competition between
dissolution and growth of oxide at the oxide-electrolyte interface destabilize the surface at the
long wavelengths.
Fig.1.14 represents one example of perturbation process for aluminum anodizing with the
moving boundary problem, for the linear instability analysis from the model of Singh et al (79).
Basic-state solution was perturbed with Fourier components and variables such as potential and
activation energies were introduced in the perturbed equation. After linearizing, Singh et al
(79) obtained the relation w (q) in the form,
w2 +A(q)w +B(q) = 0 (1.22)
where the coefficients A and B are also function of the physical parameters. w1 and w2
are the two roots of the quadratic equation. The typical curve of w vs. q results from the
competition between electric-field dependent chemical reactions and surface energy. Positive
growth rates w at some spatial frequency indicate instability, while negative w for all frequencies
imply stability. The root w1 is unstable when effect of the electric-field-dependent chemical
reactions is a dominant factor. As electric field concentrate on the valleys, dissolution of oxide
becomes more rapid at valleys when compared with the ridges. Surface tension produces a
stabilizing effect and overcomes the destabilizing effect of electric field when w〉wmax. For the
case w2, if initially w2〈0, than system is always stable for any given wavelength, because the
growth factor is always negative.
Hebert et al (86) considered the effects on linear stability analysis of oxide dissolution and
ion migration. Perturbed electric potential and oxygen chemical potential fields influenced
the wavelength dependent stability of oxide surface. The oxygen chemical potential field is
determined by the distributions of oxide stress as well as electrostatic potential. As shown in
Fig.1.15, the anodic oxide films is stable when the growth efficiency is higher than 0.7, and
becomes unstable for any wavelength number when the efficiency is smaller than 0.65. As
stated in the model, local migration rate of metal and oxygen ions depends on the surface
22
ls =
!
!k+k−
V − "−1 ln"r!k
−
/k+#
r − r−1
, "19#
where we note that the stationary electric field is independent
of the applied potential and that the solution only exists for
real r#1 and V#V*, where V* is the threshold voltage re-
quired for the formation of the planar oxide layer,
V* = "−1 ln"r!k
−
/k+# . "20#
The solutions "18# and "19# describe a planar oxide layer of
thickness ls uniformly propagating with the velocity
vs = − a!Es. "21#
For the parameters given above, we find Es=1.6 V nm−1, ls
=31 nm, vs=−0.85 nm s−1, and V*=0.01 V.
C. Linear stability analysis
We now study the stability of the stationary basic state of
the oxide layer. The steady velocity vs is used to introduce a
moving coordinate frame attached to the planar metal-oxide
interface. In this frame,
$¯"1# = 0, $¯"2# = ls, "22#
and the normal velocities of the interfaces are given by
vn =
vs + !t$
$1 + "!x$#2 + "!y$#2%1/2
. "23#
The stationary basic-state solution in the moving frame is
perturbed as
% = "V − Esz# + %ˆ"z#&"x,t# , "24#
$"1# = 0 + $ˆ "1#&"x,t# , "25#
$"2# = ls + $ˆ "2#&"x,t# , "26#
where the hats denote the perturbations, &"x , t# is the normal
mode,
&"x,t# = exp"iq · x + 't# , "27#
and q is the wave vector, q= "qx ,qy#, where qx and qy are the
perturbation wave numbers in the x and y directions, respec-
tively, and &q&=q. We insert the expansions "24#–"26# into the
governing equations "3#–"5#, "12#, and "13#, linearize in the
perturbed variables, and solve the resulting linear system to
obtain the dispersion relation '"q# in the form,
'2 + A"q#' + B"q# = 0, "28#
where the coefficients A"q# and B"q# are also functions of the
physical parameters.
The two roots of the quadratic equation "28# describe two
modes, '1"q# and '2"q#, shown schematically for character-
istic parameter values in Fig. 3. The wavelength selection
exhibited in '1"q# is determined by the balance between the
destabilizing effect of the electric-field-dependent chemical
reactions and the stabilizing effect of the surface energy, ex-
pressed through the dependence of the activation energies on
the Laplace pressure. The presence of the zero mode,
'1"0#=0, indicates the translation symmetry of the problem,
and a long-wave expansion of '1"q# gives
'1"q# = a1q2 − a2q4 for q( 1, "29#
where a1 and a2 are defined in the Appendix. As depicted in
Fig. 3, the instability threshold occurs at q=0, since both
a1,2#0 for typical parameter values. The mode '2"q# origi-
nates from a nonzero growth rate at q=0,
'2"0# =
− "!Es$r2"a − b+# + "a − b−#%
!r"k+k−#−1/2 + "ls"r2 + 1#
, "30#
and decreases as the perturbation wave number increases. It
can be shown that if '2"0#)0, then '2"q#)0 for all q and
consequently the basic-state oxide layer can become unstable
only with respect to spatially periodic perturbations corre-
sponding to '1"q##0. The typical behavior of '2"q# is illus-
trated by the solid curve in Fig. 3. The dashed '2"q# curve in
Fig. 3 shows that, for certain parameter values, it is possible
for '2"0##0. In this case, the basic-state oxide layer is un-
stable to spatially uniform perturbations, causing the planar
FIG. 2. Growth of a basic-state planar oxide layer. Inset shows
the basic-state electric field. Parameter values are given in Sec. II B.
FIG. 3. Schematic representation of two modes found from a
linear stability analysis of the model. The modes obtained for typi-
cal parameter values are illustrated by the solid curves: one long-
wave type unstable mode '1"q# and a second mode '2"q# that
remains stable for all wave numbers. The dashed curve '2"q# rep-
resents the choice of parameter values for which '2"0##0 and thus
represents the exponential growth or decay of the planar oxide layer
thickness without spatial modulations.
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Figure 1.14 Schem tic representation f typical gr w g ra e vs. wavelengths (79)
geometry, i.e. they are different on valleys or ridges. At the low efficiency, motion of the
surface is determined by oxygen migration and formation rate is slow. Valleys recede more
than ridges towards the metal due to faster migration rate of oxygen in valleys than ridges,
and this process results in surface instability. On the other hand, when efficiency is high, oxide
forms rapidly on the valleys so any local ind ntation will be filled by new oxide. In this way,
stability of the oxide surface is maintained. However, this model wasnt able to predict the
critical oxide thickness for surface instability and does not include the effects of oxide flow.
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Figure 2 | Effect of oxide formation efficiency on dispersion curves for
growth of anodic Al2O3. Electric field 0.8Vnm−1.
is not satisfied by stress diffusion, and that consequently stress
may no play a role in the instability. Instead, equation (3) mig t
be enforced by adjusting the phenomenological oxygen diffusivity,
through changes of the concentration of migrating point defects.
The boundary conditions at z = 1 are φˆ = zˆ2 and µˆO =−µ¯O1zˆ2,
and those at z = 0 are φˆ= zˆ1 and (∂µˆO/∂z)/µ¯O1+∂φˆ/∂z = 0. The
perturbed metal interface profile obeys dzˆ1/dt =−(∂µˆO/∂z)/µ¯O1,
and the solution interface profile follows
dzˆ2
dt
=−1−εO
µ¯O1
∂µˆO
∂z
￿￿￿
z=1
−εO(Φ−1) ∂φˆ
∂z
￿￿￿
z=1
(6)
The interface evolution equations are expressed as dzˆi/dt = aij zˆj ,
where the eigenvalues of the matrix aij are solutions for β, the
growth rate of the perturbations. The matrix coefficients aij a e as
follows: a11=−bMk/tanhbMk, a12=bMk/sinhbMk and
a21
bMk
= −(1−εO)
￿
− tanhbOk sinhbOk
tanhbMk
+ coshbOk
tanhbMk
￿
− εO(Φ−1)
￿
sinhbMk− coshbMktanhbMk
￿
(7)
a22
bMk
= −(1−εO)
×
￿
− bO
bM
tanhbOk+ tanhbOk sinhbOk−coshbOksinhbMk
￿
− εO(Φ−1)
tanhbMk
(8)
Experimental information is available to numerically specify the
parameters in these coefficients. The Pilling–Bedworth ratios Φ of
Al and Ti are 1.65 and 2.43, respectively, on the basis of the densities
of the anodic oxides25. The coefficients bM and bO were calculated
from the electric field (equations (4)–(5)), using a jump distance a
from current–voltage curves during Al anodizing26.
Calculations revealed that stability is highly sensitive to the
oxide formation efficiency. Figure 2 shows dispersion curves for
Al at a representative electric field of 0.8Vnm−1. Only one
of the two eigenvalues is shown; the other was negative at all
wavenumbers. The anodic film is stable at εO of at least 0.70,
and unstable at smaller values. The dispersion curves exhibit a
small-wavelength cutoff at εO between 0.70 and 0.66; that is, the
unstable region is confined to large wavelengths. However, at
smaller efficiencies the film is unstable at all k values. The critical εO
values controlling stability and the existence of a short-wave cutoff
can be deduced from the behaviour of the larger eigenvalue as k
approaches zero and infinity, respectively, using the appropriate
limiting expressions for the hyperbolic functions. At low k, the
response of migration to variations of film thickness controls the
dispersion curves. One eigenvalue is positive if εO < ε0O, where
ε0O=1/[1+(bM/bO)2(Φ−1)]. At large wavenumbers, the interfaces
are uncoupled, because the disturbances in φ and µO penetrate
to small depths when compared with the film thickness. The
dispersion curves are determined by the effect of interface curvature
on migration. The larger eigenvalue is negative if εO > ε∞O , where
ε∞O =1/[1+(bM/bO)(Φ−1)]. Thus, if εO lies between ε∞O and ε0O, the
planar film is unstable at small k, but instability is confined to large
wavelengths. In this range, pattern selection is possible (Fig. 2). The
condition ε0O > ε∞O is met when bM < bO, corresponding simply to
cation charge αM larger than 2 (equation (5)). This criterion would
be more complicated if the conduction model included different
jump distances and barrier shapes for metal and oxygen ions. It
is noteworthy that among the self-organized porous anodic oxides
reported so far (Al2O3, TiO2, ZrO2, Ta2O5, Nb2O5,WO3 andHfO2)
none have divalent metal ions27.
The conditions for pattern formation derive from the dynamics
of the film/solution interface (equation (6)). Because both the
electric potential and oxygen chemical potential are uniform on this
interface, their spatial distributions within the film are distorted
at ridges and valleys, with the gradients of φ and µO increased at
valleys and decreased at ridges. Consequently, both oxygen and
metal ions migrate more rapidly at valleys when compared with
ridges. At low efficiency, the rate of new oxide formation is small,
and so the motion of the solution interface is determined by oxygen
migration. Faster oxygen migration on valleys, due to the locally
enhanced gradient of µO, causes these sites to recede relative to
ridges; thus, the valleys deepen and the interface is unstable. At
high efficiency, the deposition of new oxide controls interface
motion, rather than oxygen migration. As the local deposition rate
is controlled by the current density, oxide forms more rapidly in
valleys, where the larger gradients of φ and µO produce a higher
local current density. Thus, any depressions on the interface fill
with new oxide, and the interface is stable. Between these limiting
behaviours, there exists a criticalminimumefficiency for stability, as
indicated by Fig. 2. Equation (6) further shows that the net effect of
the oxygen flux destabilizes the interface, whereas the flux of metal
ions can only promote stability by contributing to film formation.
The relative magnitudes of the perturbed ion fluxes are influenced
by the parameters bO and bM that determine the nonlinearity of
migration (equations (4)–(5)). When O−2 (M αM+) migration is
more nonlinear, bO (bM) is reduced, causing theµO (φ) distribution
to be less sensitive to disturbances, hence reducing the gradient in
equation (6). Therefore, small bM/bO ratios, for given values of Φ
and αM, increase theminimum efficiency for stability, by enhancing
the disturbance of the oxygen flux relative to that of themetal flux.
A survey of measurements of film formation efficiency reveals
remarkable agreement with the calculated ranges. Efficiencies
for anodic Al2O3 and TiO2 have been determined by detecting
metal ions in solution7,28, or metal or oxygen ions in the
film10,29, or from the thicknesses of the oxide and metal layers30.
Because of the small number of reported efficiencies for Ti,
further measurements were carried out in this work. Anodic
films were formed according to various published procedures31,
under different anodizing conditions leading to self-organized TiO2
nanotube layers, that included constant applied current or potential
as well as various anodizing times and solution compositions. The
oxide formation efficiency was extracted from the ratio of the
titanium loss to the electrolyte measured by inductively coupled
plasma–atomic emission spectroscopy (SpectroCiros CCD, charge-
coupled device) to the total consumed titanium determined by
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Figure 1.15 Effect of oxide formation efficiency on dispersion curves for aluminium oxide
growth, reproduce from refere ce (86)
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1.7 Pore Growth
As oxide continues to grow, pore initiation and steady state pore formation will be followed
after perturbations. There have been several models to predict the key features of steady state
porous oxide such as barrier oxide thickness, pore diameter and cell diameter. Field assisted
dissolution based model and flow based model are two major models proposed so far. Field
assisted model assumes removal of oxygen ions at the pore base due to dissolution of the oxide.
However, this model was not well agreed with oxygen tracer experiments. Detail explanation
of field-assisted model is described in section 2.5. 2nd mechanism, however, is based on the flow
of oxide from barrier layer to pore walls. Therefore, next chapter, we will explain experimental
proofs of flow in oxide and successful models based on flow.
1.8 Evidence of Flow in Oxide
Gosele et al (87) drew attention to lower density of the oxide compared to the metal and
they propose that possible origin of force is mechanical stress due to elastic compression during
oxide formation at metal-oxide interface. Volume expansion factor for steady state porous
oxide film provide evidence for flow in the oxide. The volume expansion factor as reported in
the anodizing literature is the ratio of the thickness of the oxide produced to the consumed
metal thickness. The volume expansion factor for porous oxide is typically larger than unity;
reported values vary between 1.3 and 1.6 for porous aluminum oxide films (45; 71; 87; 88).
During the steady state growth, thickness of the barrier layer does not change, and the volume
expansion factor is determined by the ratio of the growth of oxide in the pore wall to consumed
aluminum. For the barrier oxide films formed with no oxide dissolution, the low oxide density
relative to the metal typically results in a volume expansion factor larger than unity. However,
for the porous oxides, electric field vanishes in the pore walls and electric field cannot support
the ion migration. Therefore a volume expansion factor larger than one indicates bulk motion
of the oxide in the pore walls directed away from the bulk metal, implying a mechanical driving
force. Therefore, volume expansion factor for porous oxide films has a direct relation with the
amount of the material flow due to mechanical force in the pore base beneath the pore wall
24
since electric field is too weak to drive the ions to the pore walls. Vrublevsky et al (71; 88)
demonstrated the influence of forming voltage and current density on the volume expansion
factor.
Tungsten tracer experiments were found to provide a detail picture of flow in oxide (89;
90; 91; 92; 93; 94; 95). A thin tungsten layer was imbedded in the Al substrate by depo-
sition between two sputter-deposited aluminum layers. Porous oxide film was formed under
constant current density in phosphoric acid solution. As top aluminum layer completely was
consumed during fully-grown oxide growth, small tail in voltage respond indicated tungsten
layer oxidization. The motion of the oxidized tungsten layer in the oxide film was followed
with cross-sectional TEM. Distortion of the tungsten layer into the film and retention of tung-
sten species in the film are clearly also shown in a transmission electron micrograph in Fig.1.16.
Rutherford backscattering spectroscopy indicates no tungsten species were lost into electrolyte.
Tungsten species were expected to reach the film-solution interface due to cation migration
under the electric filed. However, TEM and RBS results showed that tungsten species were
unable to reach pore base. Vertical motion of the positively charged tungsten species slows
down and stops near the pore bottom and tungsten beneath the pore instead was transported
laterally into the pore walls. Tracers in the pore walls continuously move upward faster than
the recession of metal/oxide interface while electric field vanishes in the pore walls. Therefore,
flow of oxide from the barrier layer at the bottom directed toward the cell wall (see Fig.1.16.)
can explain the maintenance of constant barrier thickness, evolution of the tungsten layer and
upward motion of tungsten in the pore walls. Significantly, independent volume expansion
factor measurements and the tracer experiments both suggest upward flow in the pore walls.
Thompson et al also performed tungsten tracer experiments in other electrolytes and porous
oxide film growth in sulfuric acid (93), oxalic and malonic acid (94); flow is the main reason
for pore growth mechanism. However, field-assisted dissolution mechanism becomes the main
factor for pore growth when anodizing performed in chromic acid and alkaline borax solutions.
Unlike chromic acid (92), anion contaminated layer was observed at the outer part of porous
oxide film growth in sulfuric, phosphoric and oxalic acid so incorporation of anion species may
influence main factor for pore growth.
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Fig. 2. Transmission electron micrographs of (a) the sputtering-deposited aluminium, with an incorporated tungsten tracer layer, and following anodizing for (b)
180, (c) 240 and (d) 350 s at 5 mA cm−2 in 0.4 M phosphoric acid solution at 293 K.
tracer from the metal increases near the cell boundary, reaches
a peak within the cell wall, then falls sharply toward the middle
of the barrier layer beneath the pore, where the band is much
fainter, due to a reduced concentration of tungsten. The tung-
sten at the pore base is about 70–80 nm below the tungsten in
the cell wall. Notably, the depth variations of the tracer in the
deposited aluminium cannot account for the consistent distribu-
tions of tungsten in all cells. Further, the local depth variations
within the alloy, of about 30 nm with respect to the mean depth,
would lead to typical depth variations of up to 50 nm in the
cells, assuming a Pilling-Bedworth ratio of Al/Al2O3 of 1.65,
corresponding to a film density of about 3.1 g cm−3 [16]. Fur-
ther, such variations would also sometimes oppose the observed
trends.
By 350 s, the film is 770–800 nm thick (Fig. 2(d)). Only occa-
sional residues of aluminium remained in interstices at the film
base. The tracer is located in a main band at a depth of 38–50% of
the film, with a mean depth of about 45% compared with 49%
in the initial aluminium. Migration of tungsten in the porous
film is only significant in the high-field, barrier region. Tung-
sten species usually migrate at about 30% of the rate of Al3+
ions in barrier anodic films [17,18]; thus, tungsten may be antic-
ipated to move by roughly 35 nm, which is close to the measured
displacement of about 31 nm. The former movement is deter-
mined from the barrier layer thickness of about 115 nm, with
outward migration of tungsten species for 30% of this distance.
The measured value corresponds to 4% of the anodic film thick-
ness, representing the displacement of the tungsten from a depth
of 49% of the aluminium to 45% of the film. In addition to the
main tracer band, extensions along cell boundaries are often evi-
dent for distances of about 100–200 nm. These are more distinct
in a backscattered scanning electron micrograph of the block
from which the TEM sections were cut (Fig. 3). The thicknesses
of this and the previous films exceed that of the oxidized alu-
minium by a factor in the range 1.32–1.38, similar to previous
findings [14].
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Figure 1.16 Transmission electr micrographs of (a) the sputtering-deposited luminum,
with an incorporated tungsten tracer layer, the following anodizing for (b) 180, (c)
240 a d (d) 350 s at 5 mA c −2 in 0.4 M Ph sphoric acid s lution. Reproduced
from reference (89)
Recently, Hebert and Houser (96; 97) presented a flow based model for steady-state growth
of amorphous films. Ion migration due to gradients of mechanical stress and electrical potential
was incorporated in their model to calculate the interface vel cities in porous anodic oxide films.
Their simula io sul s accurately pr dicte the moti n of t ngsten species compared to the
tracer experiments mentioned above.
As shown in Fig.1.17, at the pore base, predicted stress was compressive, possibly due to
hydrated layer near to film solution interface or electrostatic stress due to enhanced electric
field. Flow generated at pore base was required to satisfy volume balance. Therefore, these
results indicate that high local compr ssive stress at the film-solution interface in the p re
bottom is the driving force for flow. Modeling reveals tensile stress close to ridge on the metal-
26
film interface. Observation of voids in the oxide on ridge at triple cell junctions in the hexagonal
pore array and crack formation during anodizing at high current densities can be explained
with calculated tensile stress (98; 99; 100; 101).
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Figure 2 | Results of simulation of steady-state film growth. a, Current lines and potential distribution for anodic film growth in oxalic acid at 36V (colour
scale is potential in volts). b, Velocity vectors and mean stress for the same simulation as in a (colour scale is dimensionless stress). c, Comparison of
current efficiency for oxygen ion transfer at the pore base, calculated using film–solution interface kinetics (solid line) or volume expansion measurements
in oxalic (diamonds), sulphuric (square) and phosphoric (circle) acids14–17,32. d, Flow velocity and current density at the film–solution interface on the pore
base, during anodizing in phosphoric (circles), sulphuric (squares) and oxalic (diamonds) acids. Negative velocities are directed away from the interface.
the electric field. Gösele and co-workers showed that the ‘volume
expansion’, that is, the ratio of overall film thickness to depth
of metal consumed, is consistently close to 1.4 for ordered films
grown in different baths3. They suggested a relationship between
volume expansion and mechanical stress, and argued that PAA
ordering is in part controlled by stress. Recently, Thompson
and co-workers used tungsten tracers to visualize details of mass
transport within PAA films14–17. The substrates for anodizing were
sputtered Al films containing buried 5-nm-thick W-containing
layers. After consumption of the overlying Al, the W layer entered
the oxide, and its subsequent motion was followed using cross-
sectional transmission electron microscopy (TEM). The tracer
motion contradicted expectations for migrating cations, but could
be qualitatively explained by assuming significant plastic flow
in the oxide originating from the film–solution interface. The
measurements revealed the same ‘upward’ motion in the pore walls
implied by the volume expansion measurements. Other anodizing
experiments using Al samples under applied load demonstrated
plasticity in alumina films during anodizing18,19. Further precedent
for creep of amorphous solids at room temperature is found in
ion irradiation studies, which show that stresses generated by
implantation are relieved by Newtonian viscous flow20–23. Viscous
flow is well known to occur during thermal growth of other
amorphous oxides such as SiO2 (ref. 24).
The present article reports a modelling study investigating the
role of viscous flow in the growth mechanism of porous anodic
films. We predict the flow required to enforce volume and charge
conservation during steady-state PAA growth, and then use the
velocity distribution to simulate motion of W tracers, for direct
comparison to experimental tracer profiles. The model views PAA
as a homogeneous Al2O3 continuum. We neglect the presence of
incorporated solution-phase anions. The mass density of the oxide
is taken to be constant, because the elastic modulus of alumina
(∼100GPa) is much larger than stresses of order 100MPa that are
found during film growth26.We view themetal ions as point charges
in a packing of oxygen ions, because according to the ionic radii
of Al+3 and O−2 ions (0.039 and 0.140 nm, respectively), cations
account for only 1.4% of the occupied volume in the film. Although
significant Joule heat is evolved during anodizing25, we estimate
that temperature gradients within the film itself are very small (see
Supplementary Information). Hence, the model does not include
the effects of volume changes due to thermal expansion.
The geometric domain is based on one cell of PAA, and
approximates the hexagonal cell boundaries as circular. The pore
base geometry is specified by the three parameters R1, R2 and θ0,
as illustrated in Fig. 1b. Values of these parameters were available
over a considerable range of anodizing voltage in sulphuric, oxalic
and phosphoric acid solutions, using studies of PAA morphology
(see Supplementary Fig. S1)4,27,28. O−2 and Al+3 ions migrate
independently according to the high-field conduction rate law
typical of anodic films,
Ji =−Ciu0i
∇φ
|∇φ| sinh
￿
ziaF |∇φ|
RT
￿
(3)
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Figure 1.17 Predicted results of anodic oxide growth from flow based modeling a) current
lines and potential distribution b) oxide velocity factors and dimensionless mean
stress. Reproduced from reference (97).
Oh and Thompson (102) developed a method to distinguish field-induced and strain-induced
instability in anodic films. After growing thick barrier oxide with a flat surface morphology
in borate solution, re-anodizing continued in phosphoric acid electrolyte at constant anodic
voltage. During decreasing of thickness of pre-formed oxide, aluminum thickness and surface
flatness of pre-formed oxide does not change and rate of field-assisted dissolution increased until
electric field becomes high enough to drive anions to react with Al at oxide/metal interface.
Pores with smaller interpore distance (λf ) resulted from field enhanced dissolution on top
surface of oxide as shown in Fig.1.18. Further anodizing of oxide resulted in growth of porous
al ina structure with larger interpore distance (λf ). As discussed in section 2.3.3, there is
proportionality constant, ξ, betw en pore spacing and voltage. For th incipi nt pores du
27
to field-assisted dissolution, ξ=0.27 nm/V in the regime of weak voltage dependence whereas
ξ=2.8 nm/V during the formation secondary pore structure in the regime of strong voltage
dependence. Thus, incipient and secondary pore formation has different formation mechanisms.
Distortion of the oxide/electrolyte interface exhibited in Fig.1.18 indicates plastic deformation
of oxide with the waviness at the oxide/electrolyte interface. Mechanical instability due to
plastic flow is dominant factor for pore formation however, field enhanced dissolution causes
initial surface instability during barrier oxide anodizing.4046 J. Oh, C.V. Thompson / Electrochim ca Acta 56 (2011) 4044–4051
Fig. 3. Field-assisted dissolution of AAO under various anodic biases. Changes in
the thickness of a planar pre-formed Al2O3 layer lead to associated changes in
the subsequent field- and time-dependent dissolution behavior in a 5wt.% H3PO4
solution.
E-field, E0, for the second anodization in 5wt.% phosphoric acid
was set significantly lower than the anodic ratio of porous alumina,
i.e. 1.12nm/V. For example, the anodic ratio during the second
anodizationbecomes1.86nm/V (or5.36MV/cminE-field). TheE0 is
therefore too lowtodriveanions to reactwithAl through thebarrier
oxide. Fig. 2(b) clearly shows that the thickness of the barrier oxide
decreased to 131nm from 160nm after anodization for 49min in
5wt.% H3PO4 at 86V, while the thickness of the Al remained the
same. During the second anodization, the morphologies of the m/o
and o/e interfaces in Fig. 2(b) do not change, allowing calculation
of the E-field across the layer.
Fig. 3 shows the dissolution rate for a fixed initial thickness
and different applied bias. Also shown is the dissolution rate at
zero applied bias. The zero-bias results show the result of purely
chemical dissolution. When a bias is applied, the alumina thick-
ness decreases over time and the electric field increases. Initially,
at low fields, the dissolution is purely chemical, with a rate of
0.24nm/min. However, as the field increases there is a point at
which the dissolution rate significantly increases. For example, at
E0 =5.36MV/cm, i.e., Van = 86V, while the dissolution rate is con-
sistent with the chemical dissolution for an initial 20min, as the
thickness of theAl2O3 decreases, the E-field across thebarrier oxide
increases and the dissolution rate begins to significantly increase,
to about 0.45nm/min. When E0 is increased to 6.86MV/cm, i.e.,
Van = 110V, in 5wt.% H3PO4, the dissolution rate of the Al2O3 is
about 17 times faster (4.08nm/min) than the chemical dissolution
rate. The temperature increase due to Joule heating at the barrier
oxide has been reported to be less than 1 ◦C under typical anodiza-
tion conditions [22], so that it is unlikely that Joule heating affects
the dissolution rate of the oxide under our anodization conditions.
It should be noted that the chemical and field-assisted dissolution
ratesofAl2O3 in5wt.%phosphoric acid candependon the typesand
concentrations of anion impurities incorporated in the pre-formed
Al2O3. Therefore, to confirm that the field-assisted dissolution of
the oxide shown in Fig. 3 is a general phenomenon, it would be
appropriate to apply our discontinuous anodization procedure to
other pre-formedAl2O3 filmswithflat surfaces, formed in solutions
containing various anion impurities, such as phosphorus, and/or
O18 nuclear isotopes. It should also be noted that during the mea-
surement shown in Fig. 3, the morphology of the pre-formed oxide
and the thickness of the unreacted Al film did not change, as shown
in Fig. 2(a) and (b).
The field effect illustrated in Fig. 3 sheds light on the dissolution
mechanism.Mott andHoar suggested that dissolutionof aluminum
Fig. 4. Incipient pore formation due to field-assisted dissolution. (a) Morphological
evolution of Al2O3 layerswith initially flat surfaces as porous structures formduring
anodization in a 5wt.% H3PO4 solution with an anodic voltage of 110V at RT. The
incipient pores form at the oxide/electrolyte interface after 5min of anodization.
(b) A 25◦ tilted higher-magnification view of the incipient pores at the o/e interface
after 5min of anodization at 110V at room temperature (the middle figure in (a)).
(c) The average electric field across the AAO during anodization in a 5wt.% H3PO4
solution at a constant voltage from 86 to 120V, as a function of time. The electric
field initially slowly increasesdue to the thickness reduction causedbyfield-assisted
dissolution of the oxide. The field then rapidly increases due to re-growth of AAO
and pore formation in phosphoric acid. Formation of the incipient pores begins at
the critical E-field, E*. The arrows in the plot indicate E*. Scale bar =200nm.
oxide in an acid electrolyte proceeds by spontaneous decomposi-
tion of Al2O3 at the o/e interface into Al3+ and O2− ions leading to
net dissolution with the dissolution rate determined by the rate of
removal of the O2− ions via field-enhanced migration through the
oxide [6]. In this case Al2O3 forms at them/o interface and an equi-
libriumbetweendissolutionand formationof thealuminawouldbe
established. However, the observed invariance of the Al film thick-
ness indicates that the E-field is too weak to drive transport of the
oxygen ions though the oxide. Therefore, our results indicate that
dissolution of Al2O3 occurs through the following reaction
Al2O3+6H+→ 2Al3+ +3H2O (1)
at the o/e interface, through modification of the polarization of the
Al–O bond [7]. It should be noted that reaction (1) is chemical in
nature and hence does not contribute to the anodization current.
At sufficiently high E-field, the o/e interface becomes unstable
with respect to perturbations due to non-uniform dissolution as
shown in Fig. 4(a) and (b). Invariance of the Al film thickness and
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Fig. 5. Larger-scale secondary pore formation due to mechanical instability and dual-scale porous AAO. (a) Cross-sectional SEM image of AAO with a pre-formed Al2O3 after
re-anodizing in a 5wt.% H3PO4 solution at RT with Van = 140V for 4min. Waviness at the oxide/electrolyte interface, which was initially flat, indicates plastic deformation of
the AAO during the re-growth of AAO in a 5wt.% H3PO4 solution. (b) Tilted-angle (25◦) SEM image of AAO with a pre-formed Al2O3 after re-anodizing at Van = 150V for 50 s
in 5wt.% H3PO4 at RT. Here the pre-formed Al2O3 was formed at 15mA/cm2 for 15 s. Scale bars =200nm.
Fig. 6. (a) The j–t curve for anodization of Al with a pre-formed Al2O3 layer re-anodized in 5wt.% H3PO4 at (a) different anodic voltages, from 86V to 140V, and (b) Van = 86V
for 49min. The dotted line at j=0.15mA/cm2 indicates the current density associated with the initiation of the field-induced instability. The points where E=E* are shown
with arrows. The large-scale instability at the o/e interface shown in Fig. 5(a) accompanies significant growth of the AAO, and hence the anodic current is higher. Note that
the current density is on the order of 1!A/cm2.
maintained by ‘plastic flow’ of the oxide, as indicated by experi-
ments in which a tungsten tracer layer was used to indicate flow
esulting from steady-state anodization at a constant current [11].
In addition, numerical mod ling by Houser and Hebert reproduced
steady-stateW tracer distributions experimentally observed under
various anodization conditions, assuming Newtonian viscous flow
of the oxide during Al anodization [12]. Our result also shows direct
evidence that the pore growth is associated with plastic deforma-
tion and flow of the anodic oxide, when the E-field is close to the
steady-state value (8.9MV/cm) and when constant voltages are
applied.
Based on the direct experimental evidence for the plastic defor-
mation/flow of the oxide, we propose the following model for
steady-state growth of the anodic oxide during Al anodization. At
the m/o interface, the rate of formation of new oxide is balanced
by the lateral flux through plastic flow of the Al2O3, implying a
cellular-like growthm chanism. The pores, therefore, pack densely
tominimize the flo distance for the collection of poreswith repul-
sive mechanical interactions of each pore arising from the need to
share a volume in which the oxide flows.
Fig. 7 is a schematic illustration of steady-state pore formation,
illustrating a cellular solidification-like mechanism. As shown in
Fig. 7, in the steady-state, pore propagation in the direction of the
electric field is limited by the rate of forced plastic flowof the oxide.
In solidification processes, cellular structures develop due to con-
stitutional supercooling ahead of the moving interface, and in a
steady-state, the cell spacings are determined by a flux balance
between the solute rejectedat the tips of solidifying cells and lateral
diffusion of solute atoms toward cell boundaries [28]. In analogy
with cellular growth during solidification [28], the flux of the newly
generated aluminum oxide at the m/o interface, JE, must be bal-
anced with the flux of the forced plastic flow of the oxide toward
the pore wall, J"
Fig. 7. Schematic diagram of the cellular-like growth model for the formation of
ordered AAO in steady-state.
!" #"
Figure 1.18 A) Incipient pore formation due to field-assisted dissolution. Morphological
changes the initially flat oxide during re-anodizing in a 5-wt % phosphoric acid
solution with anodic voltage of 110 V.B) Secondary pore formation due to the
mechanical instability. Cross-sectional SEM images of aluminum anodic oxide
with pre-formed Al2O3 after re-anodizing in a 5-wt % phosphoric acid solution
with anodic voltage of 110 V for 5 minReproduced from reference (102).
1.9 Internal Stress
Recent works with tungsten tracer experiments and modeling, proposed by Hebert et al,
indicated the importance of stress in aluminum oxide film. In this section, we ill discuss
sources of stress in thin films and methods to measure the stress. Then, evidence of stress
in anodic films will be presented. Finally, we will discuss the possible mechanisms of stress
generation in the oxide.
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1.9.1 Stress measurement techniques for thin films
Stress generates in thin film during electrodeposition, sputtering, oxide film growth, etching
or dissolution of the film. Extrinsic and intrinsic stresses are the two main stresses observed
in the thin films. Extrinsic stress is related with the different thermal expansion coefficients
of film and substrate, hence thermal stress is affected by the variation of temperature dur-
ing the experiment. However, intrinsic stress arises during the thin film deposition, a thin
film on a rigid substrate becomes stressed due to elastic incompatibility between the film and
substrate(103; 104; 105). For thin film technologies, mechanical bending, peeling at the film
interface, void formation in the films and stress-migration in large-scale metal patterns are still
current problems caused by film stresses (104). Also, during the barrier oxide film growth,
internal stress development may result in cracking or delamination when stress exceeds the
strength of the film (106). Stress has an effect on film properties, reliability and performance
and also influence their applications in electronic and magnetic devices and systems (107).
Therefore, stress measurement plays vital role to understand and predict the structural and
functional characteristic of the thin films. X-ray diffraction and substrate curvature monitoring
are mainly two main experimental approaches to measure the stress in a thin film.
1.9.1.1 X-ray diffraction
This method is related with measuring changes in the lattice constants of the material using
X-ray or electron diffraction pattern. Braggs law is used to relate the lattice spacing of the
planes, diffraction angle and the wavelength. It becomes possible to calculate the elastic strain
of the plane with the knowledge of strain-free lattice spacing (108).
1.9.1.2 Curvature method
The second measurement method is based on the relationship between the stress in the thin
films bonded to substrate and the bending curvature of the substrate with the usage of Stoney
equation (109). Stoney equation is shown in the following form;
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dF =
Eshs
6(1− ν)dκ (1.23)
Where F is the in-plane force per unit width in the film, Es Youngs modulus of the substrate,
hs is the substrate thickness, and ν is the Poissons ratio. Substrate curvature is denoted by κ.
Stoney equation is used to directly convert the measured curvature into stress directly for the
curvature based-methods. This formula is based on following assumptions;
1. Both substrate and coating thickness are very small compared to the lateral dimensions
2. Coating thickness is smaller than substrate thickness within the order of at least 10−3
3. Edge effect near the periphery of the substrate is negligible
4. The substrate material is isotropic, homogeneous and linearly elastic and the coating film
material is isotropic
5. Strains and rotations are infinitesimal
There are newly developed more rigorous versions of Stoneys equation, which are available to
obtain the stress value from curvature-based techniques (157; 158). New version of the equation
is useful for non-ideal conditions, for example, large curvature values or thin substrate. As a
result, if curvature change can be monitored during the stress development in thin films, Stoney
equation can apply to convert curvature into stress value. Main methods to capture curvature
change is presenting in the following paragraphs.
Capacitance measurements, laser beam deflection and curvature interferometry are funda-
mental techniques to measure the curvature of sample. In the differential capacitance method,
electrode and substrate behave like a plate capacitor and change in the distance between them
are measured capacitively, and then converted into the curvature of the sample accurately. Al-
though curvature changes can be monitored with very high sensitivity, usage of this technique
in a liquid environment is not feasible without the requirement of a special design (110; 111).
In the laser deflection technique, laser beam is reflected from the curved substrate and the
deflection of the laser beam is measured to monitor curvature changes (112; 113; 114; 115;
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116; 117). Geometry of the experimental setup plays crucial role on the resolution of the
technique in terms of the curvature (118). Floro et al (103) introduced improved version of
this technique with the multi beam optical sensor (MOS) in 1996. Multiple beam deflection
allows measurement of all components of the in-plane curvature and leads to maintain high
time-resolution while reducing the vibrating effect.
Another method used to measure stress is curvature interferometry technique. Distribution
of stress along the thickness direction is captured with the measurement of curvature during
the experiment. Curvature interferometry method reduces the influence of environment and
small tilt, vibration or translation of sample does not have any effect on curvature measurement
(119).
1.9.1.3 Comparison of x-ray diffraction and curvature methods
Measured stress value using two different approaches are shown in comparative works and
they are not always in complete agreement because these approaches dont measure the same
quantity (120; 121). Curvature method obviously is able to measure the mean value of the
stress, whereas, measurement related with the displacement of atomic planes can be sensitive
because it measures more localized stress. Furthermore, curvature technique can apply to crys-
talline and non-crystalline films, but lattice strain methods are restricted with the usage of
crystalline films only. Also, converting curvature into stress value by using Stoneys equation is
the other advantages of curvature technique over the diffraction-based technique. In-situ stress
measurement can be performed easily with curvature technique in the variety of systems, how-
ever X-ray diffraction requires expensive and complex tools. Details of curvature interferometry
will be discussed in the phase shifting curvature interferometry section.
1.9.2 Causes of stress in oxide
In his pioneering work, Vermilyea (122) performed one of the earliest measurements of stress
in oxide during anodizing with bending-beam technique. He carried out stress measurements
for oxides grown at 2mAcm−2 in borate solutions on different valve metals such as aluminum,
zirconium, tantalum, niobium, titanium and tungsten. His results indicated that with applying
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forming voltage, stress become more compressive due to the electrostatic stress. Also, he found
that formation voltage does not have an impact on the sign of stress for most of the metals.
Bradhurst and Leach (123) reported stress values of aluminum oxide growth under different
current densities in ammonium borate solution using deflection measurements. They concluded
that stress inherent in film and electrostatic compression has an influence on deflection of oxide.
Their stress measurements indicated that when the lower constant current density applied,
oxide stress becomes more compressive. Also, stress became more tensile as the thickness of
oxide increased. Archibald and Leach (124) also investigated stress dependence of zirconium
oxide on film thickness at constant current density in ammonium borate solution. Stress was
compressive for the all range of current density and final voltage. However, pretreatment
methods (electropolishing and etching) had an effect on stress value, possibly due to possible
formation of fluoride containing layer on the surface of oxide that changes transport fractions of
the migrating ions with possible fluoride containing layer on the surface of oxide. Furthermore,
Archibald (125) showed the effect of fluoride on stress in titanium oxide layers during anodizing
as stress became more tensile with the increase of fluoride amount in electrolyte.
Wuthrich (126; 127) used membrane technique to monitor stress change during and after
anodizing on aluminum in borate electrolyte. Stress during anodizing was compressive, whereas
it became tensile after switching off the power and magnitude of both stress showed linear
dependence to applied current density.
Nelson and Oriani (117) performed stress measurements, using bending cantilever beam
technique ,during galvanostatic aluminum and titanium oxide growth in sulfuric acid solution.
At lower current densities, they measured compressive stress while at higher current density,
aluminum oxide displayed tensile behavior. However, in their measurement, titanium oxide was
always tensile over the whole range of applied current densities. They ascribed the dependence
of electrostriction on film thickness during oxide growth and deflection due to electrostriction
increases as oxide get thinner. They claimed tensile stress develops at metal/oxide interface
due to generation of free volume at the inner interface. Moreover, they discussed the relation
between anion transport number and the stress generation due to volume changes pointing out
apparent stress with respect to critical transport number.
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Moon and Pyun (128) measured compressive to tensile shift during growth of aluminum
oxide in alkaline solution whereas stress was always compressive during oxide growth in acidic
solution. They found that resistance of anodic film decreased as potential increased in acidic
solution, however it kept increasing in alkaline solution. They hypothesized that rate of vacancy
generation at oxide/solution interface is different in various electrolytes. Similar work done by
Khalid et al (129) provides additional information on the effect of anion and cation vacancy
generation and annihilation on stress generation during aluminum oxide growth.
Ueno et al (130) reported compressive stress change in the range of 400-600 MPa, using
beam-bending method, during titanium oxide growth in borate solution. He also evaluated
percentage of compressive stress due to electrostriction over total compressive stress experi-
mentally and theoretically and percentage was found as 2-4 %.
Vanhumbeeck and Proost (131) reported the in-situ stress development during titanium
oxide galvanostatically growth in sulfuric acid by using high-resolution curvature measurement
technique and they discussed the relation between the oxygen evolution reaction and measured
stress. Finally, Van Overmeere et al (132) used the same technique as Vanhumbeeck to measure
stress development during aluminum oxide growth in sulfuric acid solution. Slope of the com-
pressive stress developments increased once surface of aluminum oxide exhibited perturbations.
Later, Van Overmeere (133) also reported experimental results that showed internal stress de-
pendence on applied current density for aluminum oxide growth in sulfuric and phosphoric acid
solution.
1.9.3 Roots of stress in oxide
Stress has been observed in the oxide films with different experimental techniques. In this
sub-chapter, several factors claimed to be root of the stress will be discussed. Volume expansion
factor, electrostatic stress is thought to be reason for the compressive stress whereas tensile
stress could be generated due to dehydration. Vacancy production and variation in oxide
density can trigger tensile or compressive stress depending the type of the vacancy and density
change. Effect of temperature change on the generation of thin film stress also will be shown
in this sub-chapter.
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1.9.3.1 Volume expansion - Pilling-Bedworth ratio
Volume expansion factor is related with Pilling-Bedworth ratio (PBR). PBR is thought to
be one of the sources of stress in oxide. Pilling and Bedworth (134) defined the PBR as;
PBR =
Volume of generated oxide
Volume of consumed metal
=
MWoxide
ρoxide
ρmetal
MWoxide
(1.24)
Where molecular weight and density are defined as MW and ρ, respectively. According to
the theory, if PBR〉1, oxide is expected to grow with compressive stress, whereas if its less than
1, tensile stress would be observed during growth. PBR values for some metal-oxide are given
in the table below;
Table 1.1 Pilling Bedworth ratios for metals and oxides, values are taken from references
(135; 136)
Metal Oxide PBR
Al Al2O3 1.29
Ti Ti2O 1.77
Zn ZnO 1.55
Si SiO2 2.15
Ta Ta2O5 2.50
Nb Nb2O5 2.68
Based on PBR theory, oxides are anticipated to exhibit very large compressive stress values
during anodizing. Vermilyea (137) and Stringer (138) pointed out that stress developed in
oxide were not as large as theorically calculated using PBR theory. Moreover, accuracy of
predictions based on PBR is doubtful in both magnitude and sign of stress. Experimental
results, discussed in stress measurement of oxide section, are not consistent with the PBR
assumptions therefore prediction of sign and magnitude of stress based only on PBR value is
oversimplification because there are other stress contributions due to hydration, electrostriction,
vacancies and temperature (130; 139).
Cation migration affects the tensile stress, whereas compressive stress is influenced by anion
migration. Based on the assumption that oxide growing at oxide-electrolyte solution, is stress
free due to lack of volume constriction, and oxide formed metal-oxide interfaces is restricted
34
in volumes. Nelson and Oriani (117) proposed a comprehensive model based on the anion and
cation migration. If there is only cation migration within the oxide (transport number of cation
is unity), than new oxide will form at oxide-solution interface, except the electrostriction stress,
no stress will be generated. However, if transport anion number is unity, than new oxide will
be grown on the metal-oxide interface and will have large compressive stress. They described
the critical anionic transport number, shown below;
t◦a =
1
PBR
(1.25)
When anionic transport number is equal to critical value, volume of the consumed metal at
the metal-oxide interface will be equal to the volume of the oxide formed at the same interface,
hence consumption and generation of volume will compensate each other causing zero stress
during anodizing. Hence, if anionic transport number is larger than critical value, compressive
stress will be build up in oxide, whereas oxide exhibits tensile stress behavior due to build up
free volume when transport number of anion is less than critical value.
1.9.3.2 Electrostatic stress
Anions and cations are driven by electric field in opposite directions inside the oxide. The
resistance against the motion and attraction between charges causes a stress. Reversible elec-
trostatic stress, induced by electric field, is another source of stress in oxide growth. It encom-
passes two main contributions, Maxwell stress and electrostriction. The Coulombic attraction
between the charges of opposite sign located on both sides of the oxide induces Maxwell stress.
With a homogeneous field E perpendicular to the oxide plane, Maxwell stress in the oxide is
formulated below;
σ?ES = −
ν
1− ν
0
2
E2 (1.26)
Where ν is the Poissons ratio of the film,  is its relative dielectric constant and 0 is the
vacuum permittivity. The second contribution, called electrostriction, to electrostatic stress
arises from the effect of dipole alignment in oxide and depends on its dielectric constant. If
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dielectric constant is more than 4, electrostriction contribution on total electrostatic stress
exceeds the Maxwell stress. Therefore, refined model of electrostatic force, includes the effect
of electrostriction, has been proposed by Wuthrich (126). Updated electrostatic stress can be
expressed as;
σ?ES = −
ν
1− ν
0
2
{
E − (α1 + α2)
}
E2 (1.27)
Where α1 and α2 are the electrostriction parameters and detailed work for electrostatic force
and its contribution can be found at Lee (140) and McMeeking (141) studies. Butler and Ginley
(142) separated the reversible part of stress in anodic oxide and indicated the proportionality of
reversible stress (electrostatic stress) with the square root of the electric field. Vanhumbeeck and
Proost (143; 144) have performed in situ stress measurement experiment on titanium to obtain
stress change due to electrostatic force. Electrostatic stress developed during polarization and
it relaxed when anodizing is halted. They successfully derived the electrostatic force equation
for anodic oxide films as;
σ?ES = −
ν
1− ν
0
2
{
0.62 + 0.8− 0.4
}
E2 (1.28)
However, they noted that titanium oxide has the one of the highest permittivities, 54,
among the anodic oxide films whereas permittivity of aluminum oxide is around 9.
Ueno et al (130) compared the theoretical and experimental value of electrostatic stress on
titanium as a function of applied voltage. They record in situ stress change during potential
sweep to obtain experimental value and theoretical predictions and experimental measurements
of compressive stress due to electrostatic force are shown on Fig.1.19.
1.9.3.3 Point defects
Point defect in oxide films is the definition of atoms where is missing or in an irregular
place in the lattice structure. It has been known that metal and oxygen vacancies can be
accounted as point defects. These vacancies can act as the charge carriers within the anodic
oxide film, which is an ionic conductor in an electrolyte solution. All point defects introduce
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6.7 VRHE for 1 h in pH 8.4 borate solution. The surface stress decreas-
es gradually down to about 0 V during the cathodic sweep and increas-
es rapidly at potentials lower than 0 V. The difference in !" between
the film formation potential and the flatband potential is 0.25 N m#1,
which corresponds to the compressive stress of the anodic oxide film
due to electrostriction, !"elxy, since the high electric field across the
film becomes zero at the flatband potential, $FB % 0 VRHE without any
changes of the film thickness. The abrupt increase in compressive
stress at potentials lower than 0 VRHE may be ascribed to hydrogen
absorption into the substrate titanium. Both the values of !"elxy exper-
imentally obtained and calculated using Eq. 4 are plotted vs. the film
formation potential in Fig. 6. The values of &ox % 0.4 for TiO2 film,
the film thickness, d, ellipsometrically obtained by Ohtsuka et al.,15
and the relative permittivity, 'r, of the film obtained by Azumi and
Ohtsuki19 are employed for the calculation of !"elxy. It is seen that the
experimental and calculated values are in the same order of magnitude
and have a similar dependence on film formation potential. 
Figure 7 shows the ratio of the changes in surface stress due to
electrostriction obtained experimentally, !"elxy, to those in total sur-
face stress of the film, !"T, as a function of the film formation
potential. It is clear from Fig. 7 that the contribution of the com-
pressive stress due to electrostriction is only 2-4% of the total com-
pressive stress of the film. It should be noted that a unit of !"elxy is
N m#1, while a unit of electrostrictive stress in anodic oxide film,
!gxyel (% !"elxy/d) is GPa. However, we employed !"elxy with a unit of
surface stress as electrostrictive stress for the same reason described
with respect to !" in Eq. 1.
Compressive stress generated by volume expansion.—It seems
that the volume expansion due to the formation of anodic oxide films
on titanium is one of the main factors generating the compressive
stress of the films. This factor can be explained in terms of the PB
ratio,9 (, which is given by
[6]( % VV
ox
eM
where Vox and VMe are molar volumes of the oxide film and the metal
substrate, respectively. In the case of ( > 1, a compressive stress is
generated, whereas for ( < 1, a tensile stress is generated. If an
anatase type of the film is formed,16 since Vox and VMe are 20.8 and
10.6 cm3 mol#1, respectively, the value of ( % 1.96 can be applied
to the Ti/TiO2 film system. According to the laser Raman spectro-
scopic study by Ohtsuka et al.,21 an anatase type of TiO2 film grows
on titanium during anodic oxidation at potentials higher than 4 VRHE.
On the other hand, if a rutile type of the film (Vox % 18.8 cm3 mol#1)
is formed, the value of ( % 1.77 can be applied to the Ti/TiO2 film
Figure 5. Voltammogram and !" vs. E curve of the titanium electrode
cathodically polarized by a potential sweep in the renewed solution after 1 h
anodic oxidation at 6.7 VRHE in pH 8.4 borate solution.
Figure 6. Compressive stress due to electrostriction, !"elxy, of the anodic
oxide film on titanium as a function of film formation potential: (—!—)
obtained experimentally and (—"—) calculated using Eq. 4.
Figure 7. Contribution of the electrostrictive stress, !"elxy, to the total com-
pressive stress, !"T, of the anodic oxide film as a function of film formation
potential.
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Figure 1.19 Electrostatic stress of titanium oxide film as a function of film formation potential,
square represents theoretic l and spherical ones indicates experimental points
(130).
local distortions to the lattice; therefore vacancies (interstitials) of atoms contribute the tensile
(compressive) stress generation due to shrinking (expansion) of lattice. According to the point
defect model described in section 2.2.1, metal/oxide interface reactions are responsible for the
creation or annihilation of the vacancies. Aluminum ions formed at the metal/oxide interface
move into aluminum vacancy site in the oxide film and this process results in the annihilation
of metal vacancy, or they will adsorb on the oxide layer and causing the creation of oxygen
vacancy. Two different processes, illustrated in the Fig.1.20, will influence on the sign and
magnitude of stress in anodic oxide films. Annihilation of cation vacancies at the metal/oxide
interface causes compressive stress generation due to the volume expansion, resulting from the
attraction of lattice ions around the cation defects. However, generation of oxygen vacancies
at the metal/oxide interface induce tensile stress owing to shrinking volume.
Sato and Cohen (145; 146) stated that as th oxide becomes thicker and thicker, it becomes
harder for oxygen vacancies to diffuse. Slower oxygen diffusion leads to aggressive generation of
vacancies at metal-oxide interface. Kim et al (147) observed stress change during tungsten oxide
growth in sulfuric acid under different current densities and they proposed that formation rate
of oxygen vacancies at metal-oxide interface and their subsequent annihilation at oxide-solution
interface could be the reason for compressive to tensile stress change in oxide.
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Figure 1.20 Two possible ionization mechanism at the metal/oxide interface a) annihilation
of Aluminum vacancies V 3−Al (ox), b) generation of oxygen vacancies V
2+
O (ox)
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Pyun et al (148) also focused on local pH effect on the concentration of aluminum vacancies
in anodic oxide film. They measured a significant compressive stress difference with respect to
increasing concentration of H2SO4 electrolyte from 0.5 to 3.0 M. They related their observation
to effects of pH value on annihilation process of metal vacancies. Benjamin et al (129) also
reported the same effect of pH on stress in anodic oxide.
In addition to electrolyte concentration effect, influence of anions in the electrolyte causes
stress change in oxide. Archibald (124; 139) introduced different amount of F− to the electrolyte
and addition of F− influenced the stress evolution in zirconium and titanium oxide. With
increasing amount of F− in solution, larger tensile stress development was observed in titanium
oxide. He claimed that effect of additional anions might alter the transport fraction of migration
ions and migration ability of F− ions is faster than O2− due to difference in ionic radius. Pyun
et al (149) also reported similar trend. They observed that compressive stress developed in
electrolyte with chlorine is ten times higher than stress developed in chlorine free electrolyte.
Cl− ions may occupy the oxygen vacancies formed at metal-oxide interface and larger stresses
may be attributed to the difference in ionic radius between oxygen and chlorine.
1.9.3.4 Hydration
Evidence of hydrated layer in the outermost region of anodic oxide films have been discussed
in section 2.4.2. Volume of the hydrated oxide is larger than the oxide film; therefore, hydration
of oxide films during anodizing could cause compressive stress. Vermilyea (122) assumed the
formation of a hydrated oxide to explain observed tensile open circuit stress. After the hydration
of the film during the formation, its subsequent dehydration by proton migration during open
circuit period may cause tensile stress generation in film. Alwitt et al (150; 151; 152) measured
the stress change dependence on the loss of water due to exposure of film to the dry air. Stress
becomes more tensile as water content loss increased in the oxide film. Losing water in the
oxide could be the result of dehydration process.
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1.9.3.5 Density of oxide
Density of oxide is not constant during the anodization. Decreasing (increasing) density of
oxide can cause tensile (compressive) stress in the anodic oxide film. Ebihara et al (42; 43) et
al performed several experiments on aluminum in oxalic and sulfuric acid solutions to provide
fundamental information on the dependence of density of oxide on formation temperature,
electrolyte concentration, voltage and current density. As shown in Fig. 2.19 and 2.20, density
of oxide increases with the forming temperature however decreases as applied current density,
forming voltage or electrolyte concentration increases. Decreasing density of oxide could be
due to increase of the formation rate of vacancies or voids at the metal/oxide interface.
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Figure 1.21 Change of the density of current density with respect to applied current density
and formation temperature in oxalic acid solution for aluminum oxide film (42; 43)
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Figure 1.22 Dependence of the current density on electrolyte concentration and forming volt-
age for aluminium oxide film (42; 43)
1.9.3.6 Temperature
Temperature change during anodizing could trigger change in oxide structure that causes
a stress. Wuthrich (127) separated the effect of temperature change on oxide stress with stress
developed by other sources. Temperature change for aluminum oxide during growth was less
than 1◦C and according to him, stress, caused by temperature, influenced the overall stress
substantially. Yahalom and Zahavi (153) recorded the temperature rise during anodizing on
tantalum and they concluded that temperature gradient in metal and oxide is almost neg-
ligible, so change in temperature does not have any influence on electrolyte breakdown and
crystallization. Leach et al (154; 155) also performed temperature change during anodizing on
aluminum wire under very high current densities such as 200 mAcm−2 and observed significant
temperature rises. Lately, Shibata and Zhu (156) pointed out the effect of temperature on the
titanium oxide film. They found that dielectric constant increases with temperature. Also,
they suggested titanium film formed above the 323K becomes crystalline.
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Abstract
Stress measurements yield insight into technologically relevant deformation and failure
mechanisms in electrodeposition, battery reactions, corrosion and anodic oxidation. Aluminum
anodizing experiments were performed to demonstrate the effectiveness of phase-shifting cur-
vature interferometry as a new technique for high-resolution in situ stress measurement. This
method uses interferometry to monitor surface curvature changes, from which stress evolution
is inferred. Phase-shifting of the reflected beams enhanced measurement sensitivity, and the
separation of the optical path from the electrochemical cell in the present system provided
increased stability. Curvature changes as small as 10−3km−1 were detected, at least compa-
rable to the resolution of state-of-the-art multiple beam deflectometry. It was demonstrated
that small curvature change rates of 10−3km−1s−1 could be reliably measured, indicating that
the technique can be applied to bulk samples. The dependence of the stress change during
anodizing on current density (tensile at low current density, but increasingly compressive at
higher current densities) was quantitatively consistent with earlier multiple-beam deflectome-
try measurements. The close similarity between the results of these different high-resolution
51
measurements helps to resolve conflicting reports of anodizing-induced stress changes found in
the literature.
2.1 Introduction
Measurement of stress evolution has been employed as an integral component in investi-
gations of diverse electrochemical processes such as electrodeposition, anodic oxidation, corro-
sion, adsorption and lithiation/delithiation in lithium batteries (1; 2; 3; 4; 5; 6; 7; 8; 9).In situ
monitoring of the stress state allows direct correlation between stress and the current or poten-
tial, thus providing fundamental insight into technologically important deformation and failure
mechanisms induced by electrochemical reactions. In the example considered in this work,
anodic oxidation of reactive metals such as aluminum and titanium results in buildup of signif-
icant levels of stress in the oxide, which may be involved in the development of self-organized
arrays of pores (16; 11; 12). In-situ monitoring of stress state can reveal the mechanism by
which anodizing produces growth instabilities that initiate development of the porous oxide
morphology.
Stress change due to electrochemical reactions is typically inferred from curvature measure-
ments (13). A reactive sample such as a metal thin film is deposited on one side of a substrate,
and stress in the sample leads to substrate bending. Substrate curvature changes can be inferred
either using a differential capacitance method or optical deflectometry. In single-beam laser
deflectometry, a laser beam is reflected from the substrate and curvature changes are obtained
by monitoring the position of the reflected spot (1; 2; 3; 4; 5; 6; 7; 8; 9; 14; 15).Since stress
resolution scales with the square of the substrate thickness, sputtered metallic layers on thin
inert wafers are frequently used as samples to maximize resolution (16; 17). Floro and Chason
developed an improved version of this technique that relies on monitoring the deflection of an
array of equally spaced laser beams reflected from the substrate to measure all components of
in-plane substrate curvature with high resolution and robustness (18). The liquid medium in
electrochemical cells imposes restrictions on stress measurements. The integration of the dif-
ferential capacitance method into electrochemical cells is limited by the electrical conductivity
of aqueous media, and hence optical techniques are primarily used for curvature measurement
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(19; 20). The submerged samples also affect the sensitivity and stability of optical curvature
measurement. Optical detectors used to determine beam deflection are usually placed at some
distance from the sample, since increasing the sample-detector distance improves curvature
resolution (21). Since the laser beams pass through media of different indices of refraction,
uncertainty in indices of refraction of liquid can lead to limitation on curvature measurement
resolution (22; 23). Also in the cases when optical beams are reflected from the working sur-
face of the sample, reaction-induced hydrodynamic disturbances, such as bubbles and natural
convection, may deflect the beams, producing noise and reduced stability of the curvature mea-
surement. Consequently, fully submerged sample configurations that use reactive metal films
for beam reflection cannot be used during gas-evolving electrochemical reactions. However,
despite these measurement issues, high resolution stress measurements during electrochemical
reactions can be achieved by optical deflectometry. Recently, Van Overmere et al. reported
a curvature resolution of 0.2 km−1 with the multiple beam technique to characterize stress
evolution during aluminum anodizing (22).
In this article we report design and validation of an experimental setup that addresses
the limitations of in-situ monitoring of stress evolution in electrochemical cells. For this pur-
pose, we introduce a new high-resolution stress measurement technique for electrochemical
systems, phase-shifting curvature interferometry. The experimental design incorporates advan-
tages that in-situ stress measurement can be performed on both monolithic or layered sample
configurations, and curvature measurements are not influenced by hydrodynamic disturbances
induced by electrochemical reactions. Aluminum anodizing experiments were used to validate
the curvature interferometry method. The literature over the last fifty years contains a num-
ber of contradictory observations about stress evolution during Al anodizing, starting with
V ermilyea′s report that oxidation produced compressive stress (24). Wu¨thrich also found
that stress change due to barrier oxide formation in neutral solution became increasingly com-
pressive at larger current density (25; 26). However, Nelson and Oriani along with Bradhurst
and Leach observed that the stress change during anodizing was compressive at low current
density but increasingly tensile at higher current densities (4; 5). Moon and Pyun reported
complex trends of stress vs. current density during anodizing in sulfuric acid, but also found
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tensile stress changes at relatively high current density (27). Proost and co-workers recently
presented the first high-resolution measurements, obtained by multiple beam deflectometry
(6; 23; 14). They found that the anodizing stress change became more compressive at higher
current density, in agreement with the work of Vermilyea and Wthrich but in contrast with the
others. The present work attempts to resolve these contradictory trends by using curvature
interferometry to characterize stress evolution during anodizing in phosphoric acid, comparing
the results to those of similar experiments by Proost and coworkers. In the rest of the paper,
we first provide background on phase-shifting curvature interferometry and describe our exper-
imental design. Then the stability and measurement resolution of the curvature interferometer
are demonstrated, and we finally discuss the results of anodizing experiments.
2.2 Theory of Phase-Shifting Curvature Interferometry
Phase-shifting curvature interferometry uses an interference measurement to detect changes
in the curvature of a sample undergoing treatment. As shown in Fig. 2.1, the interferometer
apparatus consists of a convex lens, a reflecting mirror, and a reflective sample surface arranged
such that the sample surface and the mirror are located in the two focal planes of the lens,
separated by the focal distance f. The optical system is on the opposite side of the sample from
the electrochemical cell. In this arrangement, points D and C on the sample are the images of
points A and B, respectively: any beam b1 incident on point A is also incident on point D, and
any beam b2 incident on point B will also reflect from point C. Thus, both beams are reflected
twice from the sample and accumulate a path length difference δ.
The path length difference between the beams is directly related to sample curvature
changes. In Fig. 2.1, reflected beams from points A and B on the sample surface result in
a path length difference 2(yA - yB), and similarly, after reflection from points D and C, beams
1 and 2 develop a path length difference 2(yD - yC). The total length difference δ. between the
two beams is
δ = 2(yA − yB) + 2(yD − yC) (2.1)
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Figure 2.1 Principle of curvature interferometry. Points A, B, C and D mark the reflections
of the two laser beams on the rear surface of the sample; yA, yB, yC and yD are the
horizontal distances at these points between the sample and the reference plane
(indicated by the vertical dashed line). c is the spacing between A and B, and d is
the distance between the midpoints of AB and CD . f is the focal distance. The
reactive surface of the sample in contact with the electrochemical cell is indicated
by dark grey shading.
The relation of the path length difference to the curvature follows a finite difference ap-
proximation,
κ ≈ d
2y
dx2
=
1
d
(yD − yC
c
− yA − yB
c
)
=
δ
2cd
(2.2)
Here c is the distance between point A and B, the same as the distance between point C and
D; d is the distance between the midpoints of the segments AB and CD. Eq. 3.2 is valid if the
sample deflections yA, yB, yD and yC are small, and the sample is initially flat with negligible
slope. The path length difference changes continuously during an experiment in response to
stress-dependent curvature changes.
The time-dependent path length difference and hence curvature are measured by interfering
the beams. The path length difference δ(t) introduces a phase shift φ(t)=φ0+2piδ(t)/λ, where
λ is the wavelength of the light source and φ0 is the initial phase value of the fringe. The
continuously changing phase shift causes the intensity of the interfered beam to oscillate over
time according to
I(t) = Im +Asin
(2piδ(t)
λ
+ φ0
)
(2.3)
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where Im and A are the mean intensity and amplitude of the measured intensity signal.
Differentiating this expression produces a relation between changes in path length difference
and measured intensity changes,
dI = −2piA
λ
cos
(2piδ(t)
λ
+ φ0
)
dδ (2.4)
However, Eq. 3.4 cannot be unambiguously inverted to compute the path length change, as
the original phase φ0 is not explicitly known. In addition, the sensitivity of the measurement
is extremely low when the phase difference between the beams is a multiple of pi.
A phase-shifting interferometer provides unambiguous path length measurement and also
eliminates phase-dependent sensitivity. . In order to implement the phase shift, the beams re-
flected from the surface are initially split into two components, and a phase shift of 90 is intro-
duced in only one of the components. The interference of the unaltered components produces in-
tensity I1(t)=I1m+I1var(t), where I1var(t)=A1sin
(
(2piδ/λ)+φ0
)
. Similarly, the interface of the
phase-shifting component results in intensity I2(t)=I2m+I2var(t), where I2var(t)=A2cos
(
(2piδ/λ)+φ0
)
.
Both intensity changes dI1 and dI2 are monitored. Combining these measurements leads to an
expression for the path length change that does not incorporate the unknown initial phase,
dδ =
λ
2piA1A2
(
I2var(t)dI1 − I1var(t)dI2
)
(2.5)
Changes of path length and curvature are then related by Eq. 3.2, dκ=λ/2cd. Stress and
curvature changes are related by the Stoney thin film approximation, if the ratio of sample to
substrate thickness is small. As discussed below, this restriction was satisfied in our anodizing
experiments. According to the Stoney approximation for thin planar specimens with biaxial
stress state, the stress change is obtained from
dF =
Esh
2
s
6(1− υs)dκ (2.6)
where F is the in-plane force per unit width at the Al surface produced by anodizing, hs
is the substrate thickness, and υs and Es are the Poissons ratio and Youngs modulus of the
substrate. In terms of the measurement variables, dF is
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dF =
Esh
2
sλ
24pi(1− υs)cdA1A2
(
I2var(t)dI1 − I1var(t)dI2
)
(2.7)
The force per width is equivalent to the biaxial in-plane stress change ?xx integrated over
the thickness dimension,
∫ ∞
0
σxx,dz. (2.8)
where the x-axis lie parallel to the surface, and the z-axis extends toward the bulk metal
from its origin on the solution interface. The stress change σxx may be localized primarily
within the sample layer, in which case F can be interpreted as the ”stress-thickness product” of
the sample, the product of the average in-plane stress in the oxide and its thickness. However,
if the substrate is not completely inert, the reaction-induced stress changes may also extend to
a thin layer of adjoining substrate material.
2.3 Experimental
2.3.1 Integrated electrochemical cell and interferometry system
The curvature interferometer was integrated with a specially design electrochemical cell in
order to monitor stress development during anodizing. The sample served as one of the walls
of the electrochemical cell. Anodizing was confined to the portion of the Al surface in contact
with solution, with the optical system on the opposite side of the sample. Since the beam
path did not penetrate into solution, bubbles and reaction induced convection flows did not
disturb the optical measurements. The Al plate sample was mounted using viscous sealant
at its periphery, to allow it to deform while preventing leakage of electrolyte solution. The
electrochemical cell and the interferometer were enclosed inside an acoustic isolation box and
placed on an optical table in order to minimize the influence of acoustic and environmental
noise on stress measurements.
The beam paths and components of the optical system are illustrated in Fig. 2.2. A He-Ne
laser (λ= 633 nm) was used as a light source. A single incident beam from the laser was divided
into two parallel beams, using the steering mirror M1 and the cube beam splitter BS1. BS2
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directs both beams to the back surface of the sample, and the reflected beams from points
a and b are then focused onto the mirror M2 using the convex lens L1. After both beams
reflect again from points c and d, BS3 steers them toward a phase-shifting Mach-Zehnder
interferometer in order to determine the path length difference. A suitably oriented quarter-
wave plate Q1 converts the polarization of one of the beams from linear to circular, after which
beam splitter BS5 is used to interfere the two beams. In order to measure the intensity of the
interfered beams, linear polarizers P1 and P2 are aligned with fast and slow axis of the quarter
wave plate respectively, such that output of photodetectors PD1 and PD2 are proportional to
the sine and cosine of the phase difference. The measured intensities from the two detectors
are analyzed using Eq. 3.5 to monitor path length difference and therefore curvature changes.
He Ne Laser
Potentiostat
CE     WE
Sample
Anodizing medium
M1
BS1
BS2
L1
M2
BS3  BS4
B1
B2
B3
Q1
M3
M4
P1   PD1
PD2
P2
BS5
a     b            c    d 
   
   P3
Figure 2.2 Arrangement of optical components and electrochemical cell. Notation of optical
elements is mirror (M), beam splitter (BS), lens (L), beam block (B), quarter
wave plate (Q), polarizer (P), and photodetector (PD). The components of the
Mach-Zehnder interferometer are enclosed by the dashed line.
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2.3.2 Experimental procedures
Samples were cut into rectangular shape (3.5 x 2.5 cm) from 1 mm thick 99.998 %hard
aluminum sheet. The Stoney thin-film approximation was satisfied since the anodic oxide
thickness of 10-100 nm was much smaller than the Al plate thickness. The cut samples were
degreased in acetone and then rinsed in deionized water and dried in an air stream. The
surface pretreatment for anodizing involved first etching in 10 wt. % NaOH at 60C for 60 s,
followed by immersion in 10-vol % HNO3 for 30 seconds at room temperature, and rinsing in
distilled water (29). This procedure resulted in linear and reproducible voltage response during
anodizing. Reflective mirror-flat gold films were then transferred to back side of aluminum
sample using a template-stripping technique. The positions of the incoming light beams on the
sample surface were marked to measure the c and d values.
At the start of an anodizing experiment, the samples were mounted in the electrochemical
cell and the optical system was aligned before introducing solution. In order to determine
the stability of the interferometry measurement, in each experiment the curvature of the sam-
ples was monitored for three to four hours before introduction of the electrolyte solution.
Prior alignment in this manner controlled the exposure time of the Al surface to the phospho-
ric acid solution. The optical setup was initially perturbed by tapping on the mirror in the
Mach-Zehnder interferometer in order to determine the range of intensity changes for the two
interfered signals. After perturbation, the samples were left undisturbed for four hours and the
curvature changes were monitored to determine the stability and resolution of the curvature
measurement.
Anodizing was carried out at ambient temperature in 0.4 M H3PO4 solution. Constant cur-
rent polarization was applied using a two-electrode power supply (Keithley 2400) and platinum
wire counter electrode. After the anodizing solution was introduced into the electrochemical
cell, current was applied and monitoring of voltage and curvature changes initiated. At the
conclusion of anodizing, the area of the sample undergoing electrochemical reaction was mea-
sured to determine the active area and hence the current density. The current densities in these
experiments ranged from 2 to 25 mA/cm2.
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2.4 Results and Discussion
2.4.1 Resolution, stability and uncertainty analysis
The resolution and stability of the interferometry system was demonstrated by measuring
its response to a mechanical perturbation. Fig. 2.3 shows the intensities of the interfered beams
measured on a non-reacting sample after the interferometer was initially disturbed by tapping
on the steering mirrors. The photodetector outputs are normalized with their amplitudes to
facilitate presentation. The effect of the perturbation was seen for the first two hours, as
the oscillation due to the tapping disturbances slowly decayed. The plotted outputs clearly
demonstrate the phase shift between the two interference signals introduced by the quarter
wave plate and polarizers: when one beam was near its peak intensity, the other was between
peaks with its intensity changing rapidly. After the influence of the disturbance died out, the
interferometer output remained stable for almost six hours of observation. These measurements
were performed before each anodizing experiment to verify the stability of the measurement
system.
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Figure 2.3 Demonstration of the stability and curvature resolution of the interferometry sys-
tem. The beam intensities I1 and I2 was monitored after mechanical disturbing the
system at time zero. Intensities are normalized with the amplitude of the intensity
oscillation.
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The stable part of the curves in Fig. 2.3 was analyzed to determine the smallest curvature
change that can be reliably measured. Fig. 2.4 shows the noise level of the curvature measure-
ment, as quantified by the curvature change over each experimental time step determined by
Eqs. 3.2 and 3.5. Also, Fig. 2.4 displays the drift of the curvature measurement, indicated by
the cumulative curvature change over the stable part of photodetector output in Fig. 2.4 . The
curvature changes over individual time steps are all smaller in magnitude than 1x10−6m−1,
which may be taken as a noise threshold for the curvature measurement. Over the period of
six hours, the drift in the curvature measurement or the cumulative curvature change is less
than 1x10−4m−1, indicating that the drift rate of the curvature measurement is approximately
5x10−9m−1s−1.
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Figure 2.4 Calculated curvature change at long times during the experiment of Fig. 3.3. Data
points represent incremental curvature change over the interval of 0.4 s between
measurements (left axis). The line shows the cumulative curvature change (right
axis).
The stress monitoring set up will primarily be used to determine the change in stress
as a function of reaction time hence uncertainty propagation analysis was also performed to
determine the reliability of the rate of curvature measurement. From Eq. 3.2, the rate of
curvature change is
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dκ
dt
=
1
2cd
dδ
dt
(2.9)
Accordingly, the uncertainty in the curvature change rate can be produced by errors in
three measurements: the rate of path length change dδ/dt and c and d, the distances between
reflection points (Fig. 2.1). The uncertainty of dκ/dt produced due to each type of error is
determined by the partial derivatives of Eq. 3.9 with respect to these measurements (30). The
overall uncertainty is
∆
(dκ
dt
)
=
1
2cd
[(
∆(
dδ
dt
)
)2
+
(dδ
dt
∆c
c
)2
+
(dδ
dt
∆d
d
)2]1/2
(2.10)
In a similar fashion, the uncertainty of the rate of path length change can be determined as
∆
(dδ
dt
)
=
1
B
[(
I1var∆
(dI2
dt
))2
+
(
I2var∆
(dI1
dt
))2
+
(
dI1
dt
∆I2var
)2
+
(
dI2
dt
∆I1var
)2]1/2
(2.11)
where B=2piA1A2/λ.The stable parts of the curves in Fig 2.3 are used to determine the
intensity of the two interfered beams and uncertainty in photodetector output was estimated to
be 10 mV. The rates of intensity change were computed using finite difference approximations
from the output of the photodetectors, and the uncertainty in the rates of intensity change
was estimated from the standard deviation of the computed values. Using these values in Eq.
3.11, the uncertainty in the rate of path length change was computed to be 0.1 nm/s. The
distances c and d were measured using digital calipers, and the uncertainty in the measurement
was estimated to be 0.1 mm. From Eq. 3.10, the uncertainty in the curvature change rate was
estimated to be 8x10−7m−1s−1. Thus, in one second a curvature change can be resolved
equivalent to a radius change of 1,000 km. In particular, for 1 mm thick aluminum (s = 0.33
and Es = 72 GPa) the stress monitoring system can reliably resolve stress development rates
faster than 0.015 Nm−1s−1. Based on previous reports, this resolution of stress development
will be adequate to accurately monitor the stress development during aluminum anodizing.
These results indicate that phase-shifting curvature interferometery can determine curvature
changes with extremely high resolution and stability. Stability and reliability of the technique
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are vital for precise in-situ stress measurements. The phase-shifting curvature interferometer
enables the unambiguous determination of the path length change between the two beams
that are twice reflected from the sample surface and measurement of the time variation of
sample surface curvature. The paths of the two beams are arranged to be close to each other
in order to minimize the influence of environmental disturbances on the measurement. For
the stress-monitoring setup, the use of beams reflected from the back surface of the sample,
without passing through the solution, results in extremely stable, reliable and high resolution
measurement of curvature changes as seen here.
2.4.2 Stress measurement during anodizing
Galvanostatic anodizing experiments were carried out to assess the ability of curvature
interferometry to measure stress changes during electrochemical reactions. The intensities of
the interfered beams were monitored during anodic oxidation, and the integrated stress in the
film was determined using Eq. 3.8. Fig. 2.5 shows an example of transient potential and
stress evolution in these experiments, for the initial 15 s of anodizing at a current density of
5mA/cm2. The rate of increase of the integrated stress was 0.1Nm−1s−1, a factor of ten larger
than the minimum measurable rate identified in the previous section. The maximum potential
of 20 V reached in this experiment is within the range of stable barrier oxide growth, i. e. below
the potential where the pores begins to spontaneously develop (31). Under such conditions,
the electric field in the oxide is approximately constant, however it depends on the applied
current density .The electric field corresponding to the voltage to thickness ratio changes from
0.80 to 1 V/nm when applied current density is increased from 2 to 50mA/cm2 (32). The rate
of potential increase is
dV
dt
=
oraiΩox
6F
(2.12)
where o is the anodizing efficiency, i is the applied current density, Ωox is the molar volume
of anodic alumina (33 cm3/mol) and F is Faraday’s constant. The efficiency was calculated
to be 0.48 from the approximately linear increase of potential increase of 1.15 V/s in Fig. 2.4.
This value close to the efficiency of 0.47 determined by nuclear reaction analysis of the oxygen
63
content of the film, at the same anodizing conditions (31). The barrier oxide thickness can then
be estimated with reasonable accuracy from the measured potential and the anodizing ratio.
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Figure 2.5 Force change and voltage evolution during Al anodizing at 5 mAcm−2 in 0.4 M
H3PO4.
If it is assumed that stress changes due to anodizing are localized entirely in the oxide, the
average in-plane stress in the oxide can be calculated from the measured force and the estimated
thickness. Van Overmeere et al. used this approach in obtaining the average stress in anodic
oxides on Al thin films growth in 0.4 M H3PO4 (6; 14),and we used the same assumption to
directly compare our results with their deflectometry measurements. The apparent average
stress during barrier oxide growth was determined by dividing the force per unit width mea-
sured at the maximum voltage of 25-30 V by the oxide thickness at this voltage. Fig. 2.6 shows
the resulting average stress values, illustrating a generally high degree of consistency with the
deflectometry results of Van Overmeere et al. At the lowest current density of 2 mA/cm2, both
methods found the apparent average stress to be tensile at about 100 MPa.With increasing
current density, in both cases the stress increased in the compressive direction, following an
approximately logarithmic dependence on current density. Both investigations found a com-
parable current density of 4 mA/cm2 at the crossover from tensile to compressive stress. The
two sets of results differed mainly in the slope of stress vs. logarithm of current density, -180
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and -130 MPa respectively between the present measurements and those of Van Overmeere.
The different slopes might be related to the quite different types of metal sample in the two
investigations, as Van Overmeere used sputtered Al thin films on silicon, as opposed to hard Al
sheets in our work. Thus, possible explanations for the more positive slope in our work might
be a tensile stress contribution from the hard Al substrates, or a compressive contribution from
the Al thin films. Future work will examine the separate stress changes in the metal and oxide
during anodizing.
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Figure 2.6 Dependence of the apparent stress in the barrier oxide layer on applied current
density. The average in-plane biaxial stress was computed by dividing the force
measurement by the oxide thickness. Results from the present work (solid line
and circular symbols) are compared to those of Van Overmeere et al. obtained
with multiple beam deflectometry.28 Anodizing for all experiments was in 0.4 M
H3PO4 at ambient temperature.
The high degree of consistency between the deflectometry results of Van Overmeere et al.
with the present interferometry measurements, even with different specimen types and con-
figurations, helps to resolve the ambiguous trends reported in the literature on stress changes
during anodizing. Earlier stress measurement experiments had required thin metallic foils as
substrates (10 100 µm), because the techniques used could not resolve very small curvature
changes. These stress measurements may have been influenced by the residual stress and plastic
deformation produced during machining of these thin foils, resulting in differing observations.
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In contrast to the early experiments, both sets of high-resolution measurements agree that
anodizing produces compressive stress changes, except at very low current density. Several
possible sources of electric field-induced compressive stress are possible during anodizing, in-
cluding the volume increase due to the anodizing reaction, electrostriction, and field-driven
hydration (16; 24; 33; 34). Effective discrimination between these interpretations requires ad-
ditional experiments, such as transient interruptions and measurements of stress distributions
in the film. Knowledge of stress distributions is also critical to determine the role of stress in
transport processes and hence morphological instability (11).
The results indicate that phase-shifting curvature interferometry can be utilized to measure
curvature changes as small as 10−3km−1. In addition, the stability and reliability of the cur-
vature measurement can allow us to resolve curvature change rates as small as 10−3km−1s−1.
The optical arrangement of sample and mirror (shown in Fig. 2.1) ensures that the beams
are reflected from the same locations on the sample surface during the curvature measure-
ment. Hence the path length change in the beam is not influenced by surface roughness of the
gold film. Phase shifting interferometry allows direct determination of path length change for
beam reflected from the gold surface and enables the high-resolution measurement of curvature
change. From Eq. 3.10, the curvature resolution can be improved by increasing the lateral
spacing between the beams so the distances c and d in Fig. 2.1 become larger. Also, since
the smallest measurable stress that for a given curvature resolution increases with the square
of the substrate thickness (Eq. 3.6), stress resolution can also be improved by decreasing the
substrate thickness. It should be pointed out that the substrates used in this work are over four
times thicker than those in the high-resolution deflectometry measurements of Van Overmeere
et al. (6; 23; 14). This difference in substrate thickness results in almost an order of magnitude
smaller curvature change for thicker substrates, assuming the same stress-thickness product of
the barrier oxide film. The stability and high sensitivity of the curvature interferometer allowed
accurate resolution of these curvature changes.
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2.5 Conclusions
Phase-shifting curvature interferometry was integrated in an electrochemical cell to en-
able high-resolution measurement of stress changes during electrochemical reactions. The re-
sults demonstrate the applicability of interferometry approaches in electrochemical systems.
The smallest curvature change that could be resolved using the curvature interferometer was
10−3km−1−1,which is comparable or higher than that obtained by state-of-the-art multiple
beam deflectometry techniques. Rates of curvature change as small as 10−3km−1s−1 could be
reliably measured. This minimum rate is a factor of ten smaller than that needed to resolve
stress change rates accompanying anodic oxidation, even with the mm-thick substrates used in
this study. The interferometry system should be able to resolve stress changes during extended
dissolution processes, where relatively thick samples must be employed. The separation of the
optical system and the electrochemical cell ensured that environmental effects on stress mea-
surements were minimized, therefore allowing highly stable measurements. Stress evolution
during galvanostatic anodizing of aluminum was performed to demonstrate the effectiveness of
the stress monitoring system.The dependence of stress on current density was found to be quan-
titatively consistent with that observed previously with multiple beam deflectrometry (6; 14).
Measurements with both methods found that the apparent stress in the barrier oxide was ten-
sile at low current density but became more compressive at higher current density, according to
a logarithmic dependence. The close similarity between the results of these two investigations
helps to resolve conflicting reports of anodizing-induced stress in the literature.
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Abstract
While stress is thought to play an important role in the development of self-organized porous
films, mechanisms of stress generation during anodizing are not yet understood. In order to
reveal depth distributions of stress in anodic films, phase-shifting curvature interferometry
was used to monitor force transients (in-plane stress integrated through the sample thickness)
during formation of anodic oxides on aluminum in phosphoric acid, as well as subsequent
open-circuit dissolution. The measurements were not influenced significantly by electrostatic
stress, internal stress in the metal samples, thermal stress, or stress induced by open-circuit
dissolution. At typical current densities, the force became more compressive during anodizing,
while a net tensile force change was measured after anodizing followed by complete oxide
dissolution. Thus, it was revealed that anodizing generates both compressive stress in the
oxide and tensile stress near the metal-oxide interface. Analysis of the open-circuit stress change
revealed separate contributions from diffusional stress relaxations, and removal of residual oxide
stress by dissolution. Residual stress distributions in the oxide, at nanometer depth resolution,
were determined from measurements of dissolution rate and stress at open circuit, and validated
through variations of the open-circuit dissolution rate.
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3.1 Introduction
Porous anodic oxide films are formed by electrochemical oxidation of selected metals, such
as Al, Ti, and Zr, in baths which dissolve the oxide (1; 2; 3). For particular applied voltage
and solution composition, anodizing produces self-organized arrays of cylindrical pores tens to
hundreds of nanometers in diameter. The high regularity of the pore distributions, and the
ability to adjust the geometry of the porous layers by changing process variables has led to
extensive exploration of these films for diverse applications including solar cells, nanowires and
photocatalysts (4). Upon application of the anodizing current or potential, the oxide grows at
first as a conformal barrier layer, but at a certain thickness the oxide-solution interface becomes
unstable, after which pores are initiated by further oxide growth. Recent studies have provided
insight into the reactions and transport processes contributing to anodic oxide growth, and the
anodizing conditions that produce ordered porous films (5; 6). However, important aspects of
porous oxide formation are unexplained, including the mechanisms of the initial instability of
the barrier oxide and subsequent pore formation.
The main driving force for anodic oxide growth is an electric field of order 1 V/nm in
the oxide, which induces migration of metal and oxygen ions. However, large stress changes
also accompany anodizing (7), and are thought to play an important role in film morphology
evolution (8; 9; 10). Stress gradients can influence mass transport by contributing to the
chemical potential gradient driving force for ionic migration, and by inducing viscous flow of
oxide (5; 6). Despite the acknowledged significance of stress, there is disagreement as to the
nature of stress generation processes. Several different stress generating mechanisms have been
suggested in prior studies: compressive stress accompanying volume expansion upon conversion
of metal to oxide (8); electrostatic stress (i. e. Maxwell stress and electrostriction) due to
the electric field in the oxide (11; 12) ; hydration and dehydration of the film (13; 14); and
formation or annihilation of vacancy defects at the metal interface (15; 16). Compressive
(tensile) stress may also be produced by insertion (removal) of oxygen ions or electrolyte anions
into the amorphous oxide at the solution interface, in analogy to stress generation by metal
atom insertion at grain boundaries during thin film growth (17). Additional processes at the
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metal-oxide interface can contribute to stress changes during anodizing, including removal of
residual stress by consumption of metal, (18) and transfer of metal atoms between interface
ledges and near-surface dislocations (19).
Previous experimental studies of anodizing-induced stress have exclusively focused on stress
evolution during film growth. Generally, the curvature of thin metal samples attached to inert
substrates is monitored, and the average in-plane stress in the surface oxide is deduced from
the measured curvature change through use of the Stoney thin-film approximation (20). Sev-
eral papers have reported conflicting trends on the dependence of stress evolution on current
density and solution composition (7; 13; 15; 16; 21). Two recent studies, though, used different
high-resolution in situ techniques to obtain closely similar stress measurements during growth
of barrier oxides on Al in phosphoric acid (22; 23). Both papers found increasingly compres-
sive growth stress at higher current density, in agreement with earlier work by Wthrich (7).
However, measurements of average stress may not provide sufficient information to discrimi-
nate among the multiple potential stress mechanisms during anodizing. In studies of growth of
thin metal films, stress measurements during growth interruptions and etching of the films have
helped identify stress relaxation mechanisms and through-thickness residual stress distributions
(17; 24; 25; 26). Knowledge of such distributions in anodic films would help reveal separate
stress-generating mechanisms at the metal and solution interfaces. In the present work, we
extend growth interruption measurements to anodic oxidation, by monitoring stress changes
during both anodizing at constant applied current, as well as subsequent open circuit dissolu-
tion of the oxide. These experiments provide direct information about several stress-generating
mechanisms pertinent to anodizing. Electrostatic stress is revealed by the immediate stress
change upon current interruption. The open-circuit stress change includes transient stress
relaxations accompanying diffusional processes that relieve anodizing stress, and in addition
removal of residual stress by etching the oxide layer. Further, the present results reveal a large
overall stress change accompanying anodizing and complete oxide dissolution, and thus provide
the first direct indication of metal interface stress induced by anodic oxidation.
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3.2 Experimental
The aluminum samples used for stress measurement experiments were fabricated from 1
mm thick hard aluminum sheet of 99.998% purity (Alfa Aesar). The yield stress of the sheet
was estimated as 89 MPa based on Vickers hardness measurement (Wilson Tukon Hardness
Tester). Samples were cut into a rectangular shape (2.5 x 3.5 cm) using a low speed saw
(Buehler Isomet). A reflective gold coating was applied to the opposite side of the sample from
that used for anodizing. The Al surface to be anodized was prepared by degreasing in acetone,
followed by rinsing in deionized water and drying in an air stream. The Al surfaces were then
etched in 10 wt. % NaOH for 60 s at 60 ◦C, and then immersed in 30 vol % HNO3 to remove
corrosion products. When these surface preparation procedures were used, the transient voltage
response during anodizing was found to be reproducible and consistent with the literature(27).
In situ stress measurements were carried out using phase-shifting curvature interferome-
try. This technique uses interferometry to measure the surface curvature of the metal sample
resulting from in-plane near-surface stress induced by anodizing. The present curvature in-
terferometry system and its application to anodizing are fully described in a separate article
(23). During anodizing, two laser beams are reflected twice each from the gold-coated surface
on the back side of a sample, while the front side contacts the anodizing solution. The beams
accumulate a path length difference when the sample curvature is nonzero. After reflection, the
beams are brought together, and the path length difference is determined from the measured
intensity of the interfered beam. The path length difference is related to the curvature, and
the in-plane stress is calculated from the curvature using the thin-film Stoney approximation,
dF =
Esh
2
s
6(1− υs)dκ (3.1)
where dκ is the curvature change; hs, Es and υs are the thickness, elastic modulus and
Poissons ratio of the Al sheet. The force per width F represents the biaxial in-plane stress
integrated through the sample thickness, relative to that before anodizing:
F =
∫ ∞
0
σxx dz. (3.2)
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where coordinate directions x and z are respectively parallel and perpendicular to the sample
surface, and the z axis extends into the metal. The important advantages of the interferometry
system include phase-shifting of the reflected beams, which increases measurement sensitivity,
and separation of the optical path from the electrochemical cell, which enhances stability. The
optical arrangement of the curvature interferometer ensures that the beams are reflected from
the same locations on the sample surface during the curvature measurement. Phase shifting
interferometry allows direct determination of path length change for beam reflected from the
gold surface and enables the high-resolution measurement of curvature change. Curvature
changes as small as 10−3 km−1 can be detected, an order of magnitude smaller than the
resolution of state-of-the-art multiple optical beam deflectometry methods(28).
Anodizing at constant applied current density was performed in 0.4 M H3PO4 at room
temperature, using a two-electrode power supply (Keithley 2400) and a platinum wire counter
electrode. The liquid volume in the cell was 70 ml. The surface area in contact with the cell
was defined by sealant applied around sample perimeter, and was not precisely known prior to
experiments. The applied current density was calculated from the discolored anodized surface
area measured after each experiment. For the experiments described here, the true applied cur-
rent density varied by ± 0.2 mAcm−2 from the nominal value of 5.0 mAcm−2. After completion
of anodizing, the current was set to zero while continuing to monitor stress as the anodic oxide
dissolved on open circuit. In some experiments, the open circuit dissolution rate was increased
by adding concentrated phosphoric acid to the cell upon completion of anodizing, in order
to bring the overall H3PO4 concentration in the cell to 1.0 M. The open-circuit dissolution
rate of the oxide was measured separately from the stress monitoring experiments, using the
re-anodizing technique: after a given dissolution time the anodizing current was reapplied, and
the remaining oxide thickness determined from the immediate increase in voltage. Re-anodizing
has previously been shown to yield reliable anodic oxide thickness measurements (29; 30; 31).
Additional potentiodynamic experiments were performed to identify the onset potential of an-
odizing, using a high-voltage potentiostat (Gamry Reference 3000). The scan rate was selected
to be the same as the rate of potential increase during galvanostatic anodizing. Finally, in order
to assess the importance of thermal expansion stress during the present measurements, the Al
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temperature was measured during anodizing in the stress measurement cell. Temperature was
monitored using a thermocouple (Omega K-type) attached to the Al sample.
3.3 Results and Discussion
3.3.1 Force transients during anodizing followed by open-circuit oxide dissolution
An example of potential and stress measurements during an anodizing experiment is shown
in Fig.3.1. The aluminum sample was anodized at 4.5 mAcm−2 up to 25 V, at which point
the current was set to zero while stress monitoring continued during open-circuit dissolution
of the anodic film. The force per width plotted in Fig.3.1 and elsewhere in this paper is the
quantity F defined in Eq.7.1, i. e. the biaxial in-plane stress integrated through the sample
thickness. The potential and stress transients can be compared with previous measurements
at similar conditions (22; 27). During the anodizing period, the cell potential increased at a
rate of 0.82 V/s. Assuming an oxide density of 3.1 gcm−3 and an electric field of 0.91V/nm
in the barrier film, the film growth rate and oxide formation efficiency are estimated to be
0.90nm/s and 0.35, respectively (18; 32). The latter value compares favorably with a directly
measured efficiency of 0.33 during anodizing at the same conditions (33). Based on the oxide
thickness and measured force per width at 25 V, the apparent average stress in the oxide at
the completion of anodizing was -58 MPa, in good agreement with prior measurements (22).
Indeed, close agreement with the deflectometry measurements of Van Overmeere et al. was
demonstrated over a wide range of current densities during anodizing in phosphoric acid (23).
The current interruption was immediately followed by a nearly discontinuous increase of
stress in the tensile direction. Fig.3.2 is a closer view of the stress measurement of Fig.3.1
around the time of the interruption. Upon interruption, the force per width increased abruptly
from -1.60 to -1.40 N/m in 0.6 s, and thereafter more slowly. The initial rapid tensile force
change may be attributable to removal of compressive electrostatic stress, which should relax
when the anodizing electric field is removed upon current interruption. The electrostatic stress
calculated from the measured force change and the oxide thickness of 27 nm is -6.2 MPa. This
value is appreciably smaller than -43 MPa, the electrostriction stress found by Wuthrich at
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When these surface preparation procedures were used, the transient
voltage response during anodizing was found to be reproducible and
consistent with the literature.27
In situ stress measurements were carried out using phase-shifting
curvature interferometry. This technique uses interferometry to mea-
sure the surface curvature of the metal sample resulting from in-plane
near-surface stress induced by anodizing. The present curvature inter-
ferometry system and its application to anodizing are fully described
in a separate article.23 During anodizing, two laser beams are reflected
twice each from the gold-coated surface on the back side of a sample,
while the front side contacts the anodizing solution. The beams accu-
mulate a path length difference when the sample curvature is nonzero.
After reflection, the beams are brought together, and the path length
difference is determined from the measured intensity of the interfered
beam. The path length difference is related to the curvature, and the
in-plane stress is calculated from the curvature using the thin-film
Stoney approximation,
d F = Esh
2
s
6(1− νs) dκ [1]
where dκ is the curvature change; hs, Es and νs are the thickness,
elastic modulus and Poisson’s ratio of the Al sheet. The force per
width F represents the biaxial in-plane stress σxx integrated through
the sample thickness, relative to that before anodizing:
F =
∞∫
0
σxx dz [2]
where coordinate directions x and z are respectively parallel and per-
pendicular to the sample surface, and the z axis extends into the
metal. The important advantages of the interferometry system include
phase-shifting of the reflected beams, which increases measurement
sensitivity, and separation of the optical path from the electrochem-
ical cell, which enhances stability. The optical arrangement of the
curvature interferometer ensures that the beams are reflected from
the same locations on the sample surface during the curvature mea-
surement. Phase shifting interferometry allows direct determination
of path length change for beam reflected from the gold surface and en-
ables the high-resolution measurement of curvature change. Curvature
changes as small as 10−3 km−1 can be detected, an order of magnitude
smaller than the resolution of state-of-the-art multiple optical beam
deflectometry methods.28
Anodizing at constant applied current density was performed in
0.4 M H3PO4 at room temperature, using a two-electrode power sup-
ply (Keithley 2400) and a platinum wire counter electrode. The liquid
volume in the cell was 70 mL. The surface area in contact with the
cell was defined by sealant applied around sample perimeter, and was
not precisely known prior to experiments. The applied current density
was calculated from the discolored anodized surface area measured
after each experiment. For the experiments described here, the true
applied current density varied by ± 0.2 mA/cm2 from the nominal
value of 5.0 mA/cm2. After completion of anodizing, the current was
set to zero while continuing to monitor stress as the anodic oxide
dissolved on open circuit. In some experiments, the open circuit dis-
solution rate was increased by adding concentrated phosphoric acid
to the cell upon completion of anodizing, in order to bring the overall
H3PO4 concentration in the cell to 1.0 M. The open-circuit dissolution
rate of the oxide was measured separately from the stress monitoring
experiments, using the re-anodizing technique: after a given disso-
lution time the anodizing current was reapplied, and the remaining
oxide thickness determined from the immediate increase in voltage.
Re-anodizing has previously been shown to yield reliable anodic ox-
ide thickness measurements.29–31 Additional potentiodynamic exper-
iments were performed to identify the onset potential of anodizing,
using a high-voltage potentiostat (Gamry Reference 3000). The scan
rate was selected to be the same as the rate of potential increase dur-
ing galvanostatic anodizing. Finally, in order to assess the importance
of thermal expansion stress during the present measurements, the Al
Figure 1. Potential and force per width measurements during anodizing at 4.5
mA/cm2 to 25 V, followed by open-circuit dissolution of the anodic film. Note
that force per width was measured continuously during the entire experiment;
the axis break highlights the different time scales of anodizing and dissolution.
temperature was measured during anodizing in the stress measure-
ment cell. Temperature was monitored using a thermocouple (Omega
K-type) attached to the Al sample.
Results and Discussion
Force transients during anodizing followed by open-circuit oxide
dissolution.— An example of potential and stress measurements dur-
ing an anodizing experiment is shown in Fig. 1. The aluminum sample
was anodized at 4.5 mA/cm2 up to 25 V, at which point the current
was set to zero while stress monitoring continued during open-circuit
dissolution of the anodic film. The force per width plotted in Fig. 1
and elsewhere in this paper is the quantity F defined in Eq. 2, i. e.
the biaxial in-plane stress integrated through the sample thickness.
The potential and stress transients can be compared with previous
measurements at similar conditions.22,27 During the anodizing period,
the cell potential increased at a rate of 0.82 V/s. Assuming an oxide
density of 3.1 g/cm3 and an electric field of 0.91 V/nm in the barrier
film, the film growth rate and oxide formation efficiency are estimated
to be 0.90 nm/s and 0.35, respectively.18,32 The latter value compares
favorably with a directly measured efficiency of 0.33 during anodizing
at the same conditions.33 Based on the oxide thickness and measured
force per width at 25 V, the apparent average stress in the oxide at
the completion of anodizing was −58 MPa, in good agreement with
prior measurements.22 Indeed, close agreement with the deflectometry
measurements of Van Overmeere et al. was demonstrated over a wide
range of current densities during anodizing in phosphoric acid.23
The current interruption was immediately followed by a nearly
discontinuous increase of stress in the tensile direction. Fig. 2 is a
Figure 2. Force per width measurement from Fig. 1, with magnified time
scale near the time of the current interruption at 26.1 s. The slope changes at
28 and 100 s suggest that different stress relaxation processes dominate in the
periods 26–28 s, 28–100 s and after 100 s.
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Figure 3.1 Potential and force per width measurements during anodizing at 4.5 mAcm−2 to
25 V, followed by open-circuit dissolution of the anodic film. Note that force per
width was measured continuously during the entire experiment; the axis break
highlights the different time scales of anodizing and dissolution.
a comparable electric field (34). Since the ability of the curvature interferometry system to
capture rapid force per width changes has not been independently established, the accuracy of
our measurement may be uncertain. Both measurements can be compared to the theoretical
contribution to electrostatic stress from Maxwell stress (12), which is estimated as -9.3 MPa,
close to our measured value, using a Poissons ratio of 0.22 and a relative permittivity of 9 for
alumina (34; 35). However, this comparison is tentative, because the dielectrostriction stress
contribution to the electrostatic stress has also been shown to be significant for other anodic
oxides (12; 35). In any case, the electrostatic force was much smaller than the open circuit
force change at times of minutes to hours, which is of primary interest in this work.
Following relaxation of the electrostriction stress, Fig.3.2 shows that the force per width
increased to -0.62 N/m at 100 s, and afterwards increased at a distinctly smaller rate. The rate
of force change at long times decreased slowly while the anodic film dissolved (Fig.3.1). Based
on oxide thickness measurements described below, complete dissolution would be expected at
80 min. It is noteworthy that a tensile force value, relative to the reference value of zero
before anodizing, is approached in Fig. 3.1 while oxide dissolution is nearing completion. This
illustrates the general observation in this work that anodizing followed by anodic film dissolution
produces a significant stress change in the metal sample.
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When these surface preparation procedures were used, the transient
voltage response during anodizing was found to be reproducible and
consistent with the literature.27
In situ stress measurements were carried out using phase-shifting
curvature interferometry. This technique uses interferometry to mea-
sure the surface curvature of the metal sample resulting from in-plane
near-surface stress induced by anodizing. The present curvature inter-
ferometry system and its application to anodizing are fully described
in a separate article.23 During anodizing, two laser beams are reflected
twice each from the gold-coated surface on the back side of a sample,
while the front side contacts the anodizing solution. The beams accu-
mulate a path length difference when the sample curvature is nonzero.
After reflection, the beams are brought together, and the path length
difference is determined from the measured intensity of the interfered
beam. The path length difference is related to the curvature, and the
in-plane stress is calculated from the curvature using the thin-film
Stoney approximation,
d F = Esh
2
s
6(1− νs) dκ [1]
where dκ is the curvature change; hs, Es and νs are the thickness,
elastic modulus and Poisson’s ratio of the Al sheet. The force per
width F represents the biaxial in-plane stress σxx integrated through
the sample thickness, relative to that before anodizing:
F =
∞∫
0
σxx dz [2]
where coordinate directions x and z are respectively parallel and per-
pendicular to the sample surface, and the z axis extends into the
metal. The important advantages of the interferometry system include
phase-shifting of the reflected beams, which increases measurement
sensitivity, and separation of the optical path from the electrochem-
ical cell, which enhances stability. The optical arrangement of the
curvature interferometer ensures that the beams are reflected from
the same locations on the sample surface during the curvature mea-
surement. Phase shifting interferometry allows direct determination
of path length change for beam reflected from the gold surface and en-
ables the high-resolution measurement of curvature change. Curvature
changes as small as 10−3 km−1 can be detected, an order of magnitude
smaller than the resolution of state-of-the-art multiple optical beam
deflectometry methods.28
Anodizing at constant applied current density was performed in
0.4 M H3PO4 at room temperature, using a two-electrode power sup-
ply (Keithley 2400) and a platinum wire counter electrode. The liquid
volume in the cell was 70 mL. The surface area in contact with the
cell was defined by sealant applied around sample perimeter, and was
not precisely known prior to experiments. The applied current density
was calculated from the discolored anodized surface area measured
after each experiment. For the experiments described here, the true
applied current density varied by ± 0.2 mA/cm2 from the nominal
value of 5.0 mA/cm2. After completion of anodizing, the current was
set to zero while continuing to monitor stress as the anodic oxide
dissolved on open circuit. In some experiments, the open circuit dis-
solution rate was increased by adding concentrated phosphoric acid
to the cell upon completion of anodizing, in order to bring the overall
H3PO4 concentration in the cell to 1.0 M. The open-circuit dissolution
rate of the oxide was measured separately from the stress monitoring
experiments, using the re-anodizing technique: after a given disso-
lution time the anodizing current was reapplied, and the remaining
oxide thickness determined from the immediate increase in voltage.
Re-anodizing has previously been shown to yield reliable anodic ox-
ide thickness measurements.29–31 Additional potentiodynamic exper-
iments were performed to identify the onset potential of anodizing,
using a high-voltage potentiostat (Gamry Reference 3000). The scan
rate was selected to be the same as the rate of potential increase dur-
ing galvanostatic anodizing. Finally, in order to assess the importance
of thermal expansion stress during the present measurements, the Al
Figure 1. Potential and force per width measurements during anodizing at 4.5
mA/cm2 to 25 V, followed by open-circuit dissolution of the anodic film. Note
that force per width was measured continuously during the entire experiment;
the axis break highlights the different time scales of anodizing and dissolution.
temperature was measured during anodizing in the stress measure-
ment cell. Temperature was monitored using a thermocouple (Omega
K-type) attached to the Al sample.
Results and Discussion
Force transients during anodizing followed by open-circuit oxide
dissolution.— An example of potential and stress measurements dur-
ing an anodizing experiment is shown in Fig. 1. The aluminum sample
was anodized at 4.5 mA/cm2 up to 25 V, at which point the current
was set to zero while stress monitoring continued during open-circuit
dissolution of the anodic film. The force per width plotted in Fig. 1
and elsewhere in this paper is the quantity F defined in Eq. 2, i. e.
the biaxial in-plane stress integrated through the sample thickness.
The potential and stress transients can be compared with previous
measurements at similar conditions.22,27 During the anodizing period,
the cell potential increased at a rate of 0.82 V/s. Assuming an oxide
density of 3.1 g/cm3 and an electric field of 0.91 V/nm in the barrier
film, the film growth rate and oxide formation efficiency are estimated
to be 0.90 nm/s and 0.35, respectively.18,32 The latter value compares
favorably with a directly measured efficiency of 0.33 during anodizing
at the same conditions.33 Based on the oxide thickness and measured
force per width at 25 V, the apparent average stress in the oxide at
the completion of anodizing was −58 MPa, in good agreement with
prior measurements.22 Indeed, close agreement with the deflectometry
measurements of Van Overmeere et al. was demonstrated over a wide
range of current densities during anodizing in phosphoric acid.23
The current interruption was immediately followed by a nearly
discontinuous increase of stress in the tensile direction. Fig. 2 is a
Figure 2. Force per width measurement from Fig. 1, with magnified time
scale near the time of the current interruption at 26.1 s. The slope changes at
28 and 100 s suggest that different stress relaxation processes dominate in the
periods 26–28 s, 28–100 s and after 100 s.
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Figure 3.2 Force per width measurement from Fig. 3 , with mag ified time scale near the
time of the current interruption at 26.1s. The slope changes at 28 and 100 s suggest
that different stress relaxation processes dominate in the periods 26 - 28s, 28 - 100s
and after 100s
3.3.2 Consideration of possible measurement artifacts
We now discuss possible artifacts that can influence the experiments, in order to show
that the open-circuit force per width transients are directly relevant to anodizing itself. The
following paragraphs discuss potential artifacts arising from dissolution-induced stress, internal
stress in the metal samples, and thermal stress.
If the force measurements are to be interpreted in terms of anodizing-induced stress, the
stress introduced during oxide dissolution should not be significant. The main panel in Fig.3.3
shows the force per width change during complete open-circuit dissolution of films grown to
20 V at various current densities, as well as the overall force change during anodizing and
open-circuit dissolution in the same experiments. The difference between these values is the
force change due to anodizing itself; while the anodizing force is relatively small, it increases
reproducibly with current density, as we showed earlier (23). The clear dependence of both
force changes on current density demonstrates that the force per width transients are primarily
determined by the anodizing conditions. Therefore, the measured open-circuit force per width
change results from stress introduced into the sample during anodizing, and not during the
open-circuit period. We reserve discussion of the mechanistic implications of the current density
dependence for a later publication.
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closer view of the stress measurement of Fig. 1 around the time of
the interruption. Upon interruption, the force per width increased
abruptly from −1.60 to −1.40 N/m in 0.6 s, and thereafter more
slowly. The initial rapid tensile force change may be attributable to
removal of compressive electrostatic stress, which should relax when
the anodizing electric field is removed upon current interruption. The
electrostatic stress calculated from the measured force change and
the oxide thickness of 27 nm is −6.2 MPa. This value is appreciably
smaller than −43 MPa, the electrostriction stress found by Wu¨thrich
at a comparable electric field.34 Since the ability of the curvature in-
terferometry system to capture rapid force per width changes has not
been independently established, the accuracy of our measurement may
be uncertain. Both measurements can be compared to the theoretical
contribution to electrostatic stress from Maxwell stress,12 which is
estimated as −9.3 MPa, close to our measured value, using a Pois-
son’s ratio of 0.22 and a relative permittivity of 9 for alumina.34,35
However, this comparison is tentative, because the dielectrostriction
stress contribution to the electrostatic stress has also been shown to
be significant for other anodic oxides.12 In any case, the electrostatic
force was much smaller than the open circuit force change at times of
minutes to hours, which is of primary interest in this work.
Following relaxation of the electrostriction stress, Fig. 2 shows
that the force per width increased to −0.62 N/m at 100 s, and af-
terwards increased at a distinctly smaller rate. The rate of force
change at long times decreased slowly while the anodic film dissolved
(Fig. 1). Based on oxide thickness measurements described below,
complete dissolution would be expected at 80 min. It is noteworthy
that a tensile force value, relative to the reference value of zero before
anodizing, is approached in Fig. 1 while oxide dissolution is nearing
completion. This illustrates the general observation in this work that
anodizing followed by anodic film dissolution produces a significant
stress change in the metal sample.
Consideration of possible measurement artifacts.— We now dis-
cuss possible artifacts that can influence the experiments, in order to
show that the open-circuit force per width transients are directly rel-
evant to anodizing itself. The following paragraphs discuss potential
artifacts arising from dissolution-induced stress, internal stress in the
metal samples, and thermal stress.
If the force measurements are to be interpreted in terms of
anodizing-induced stress, the stress introduced during oxide disso-
lution should not be significant. The main panel in Fig. 3 shows the
force per width change during complete open-circuit dissolution of
Figure 3. Effect of current density on the components of the force per width
change during anodizing to 20 V. Open symbols are the overall force per width
change due to both anodizing and open-circuit oxide dissolution; filled symbols
are the force per width change during dissolution alone. The inset shows the
calculated apparent internal stress in the oxidized metal layer, assuming that the
measured overall force per width change is due to removal of internal stress.
Experiments involved anodizing to 20 V at various current densities (open
symbols), and anodizing at 5 mA/cm2 to various potentials (closed symbols).
films grown to 20 V at various current densities, as well as the overall
force change during anodizing and open-circuit dissolution in the same
experiments. The difference between these values is the force change
due to anodizing itself; while the anodizing force is relatively small,
it increases reproducibly with current density, as we showed earlier.23
The clear dependence of both force changes on current density demon-
strates that the force per width transients are primarily determined by
the anodizing conditions. Therefore, the measured open-circuit force
per width change results from stress introduced into the sample during
anodizing, and not during the open-circuit period. We reserve discus-
sion of the mechanistic implications of the current density dependence
for a later publication.
Experiments with thin-film metal substrates have shown that re-
moval of near-surface internal stress in the metal by oxidation can
contribute to the measured stress change during anodizing.18 In or-
der to assess the significance of internal stress effects in the present
measurements, we compared force per width measurements at various
applied current densities and formation voltage, under the assumption
that the force change due to anodizing followed by complete oxide
dissolution is only due to removal of hypothetical metal stress. Accord-
ingly, the inset in Fig. 3 shows the hypothetical internal metal stress,
−!Ftot
/
hmet , where !Ftot is the overall force change for anodizing
and dissolution, and hmet the oxidized metal thickness, obtained from
the anodizing charge using Faraday’s law. Results are shown for an-
odizing at 5 mA/cm2 to various potentials, and for anodic films grown
to 20 V at different current densities. The figure shows no consistent
trend of the calculated stress with oxidized metal thickness; indeed,
for the same range of hmet the stress from 20 V experiments is much
larger than that from the 5 mA/cm2 experiment. Since the overall force
per width change due to anodizing and dissolution does not depend
on hmet, the Figure contradicts the hypothesis that removal of internal
metal stress significantly affects the overall force change. Also, the
hypothetical stress at 20 V is much larger than the yield stress of the
Al samples, which was found to be 89 MPa. Therefore, we conclude
that the internal stress in the present sheet samples is not large enough
to significantly affect the measured force change. In fact, this was al-
ready apparent from the close agreement between the anodizing stress
measured using sheet and thin film samples, the latter of which had
been corrected for internal stress.23
For some anodizing conditions, significant temperature increases
caused by Joule heating of the oxide have been observed.36 Measure-
ments of the aluminum substrate temperature during anodizing were
carried out to assess whether thermal effects on the present stress mea-
surements might be significant. Fig. 4 shows the transient variation
of the Al temperature and force for anodizing at 7 mA/cm2. During
anodizing, the temperature increased above the bath temperature by
about 1.4◦C, and after switching off the power supply relaxed to its
initial value over a period of about 100 s. Thermal mismatch strain
is developed due to difference in the coefficient of thermal expan-
sion between the oxide film and the substrate. Since the substrate is
Figure 4. Temperature of Al substrate measured while anodizing at 7 mA/cm2
for 23.6 s, and during subsequent open-circuit period. Force per width measured
during anodizing is also shown.
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Figure 3.3 Effect of current density on the components of the force per width change during
anodizing to 20 V. Open symbols are the overall force per width change due to
both anodizing and open-circuit oxide dissolution; filled symbols are the force per
width change during dissolution alone. The inset shows the calculated apparent
internal stress in the oxidized metal layer, assuming that the measured overall
force per width change is due to removal of internal stress. Experiments involved
an dizing to 20 V at various urrent densities (open symbols), and anodizing at 5
mAcm−2 to various potentials (closed symbols).
Experiments with thin-film metal substrates have shown that removal of near-surface in-
ternal stress in the metal by oxidation can contribute to the measured stress change during
anodizing (18). In order to assess the significance of internal stress effects in the present mea-
surements, we compared force per width measurements at various applied current densities and
formation voltage, under the assumption that the force change due to anodizing followed by
complete oxide dissolution is only due to removal of hypothetical metal stress. Accordingly, the
inset in Fig.3.3 shows the hypothetical internal metal force per width, ∆Ftot/hmet, where ∆Ftot
is the overall force change for anodizing and dissolution, and hmet the oxidized metal thickness,
obtained from the anodizing charge using Faradays law. Results are shown for anodizing at 5
mAcm−2 to various potentials, and for anodic films grown to 20 V at different current densities.
The figure shows no consistent trend of the calculated stress with oxidized metal thickness; in-
deed, for the same range of hmet the stress from 20 V experiments is much larger than that
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from the 5 mAcm−2 experiment. Since the overall force per width change due to anodizing
and dissolution does not depend on hmet, the Figure contradicts the hypothesis that removal of
internal metal stress significantly affects the overall force change. Also, the hypothetical stress
at 20 V is much larger than the yield stress of the Al samples, which was found to be 89 MPa.
Therefore, we conclude that the internal stress in the present sheet samples is not large enough
to significantly affect the measured force change. In fact, this was already apparent from the
close agreement between the anodizing stress measured using sheet and thin film samples, the
latter of which had been corrected for internal stress (23).
For some anodizing conditions, significant temperature increases caused by Joule heating
of the oxide have been observed (36). Measurements of the aluminum substrate temperature
during anodizing were carried out to assess whether thermal effects on the present stress mea-
surements might be significant. Fig.3.4 shows the transient variation of the Al temperature and
force for anodizing at 7 mAcm−2. During anodizing, the temperature increased above the bath
temperature by about 1.4 ◦C, and after switching off the power supply relaxed to its initial
value over a period of about 100 s. Thermal mismatch strain is developed due to difference
in the coefficient of thermal expansion between the oxide film and the substrate. Since the
substrate is much thicker than the oxide film and there is strong bonding between film and
substrate, all the mismatch strain will be applied to the film. Aluminum oxide and aluminum
are isotropic materials, so force per width, Fth, in the film due to thermal expansion mismatch
can be estimated as
Fth = −Eox
(
αox − αAl
)
hox∆T (3.3)
where αox and αAl are the thermal expansion coefficients of the oxide film and aluminum
substrate, with the values of 5 and 23 x 10-6 K-1, respectively. Youngs modulus of the barrier
anodic film, Eox is about 120 GPa and the maximum thickness of the film hox is 40 nm (35; 37).
Hence, based on the measured temperature increase the maximum force per width generated
due to thermal expansion mismatch during anodizing may be estimated as 0.10 N/m. As this
value is much smaller than the measured force, it is evident that for the present anodizing
conditions, thermal mismatch stress is not significant.
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closer view of the stress measurement of Fig. 1 around the time of
the interruption. Upon interruption, the force per width increased
abruptly from −1.60 to −1.40 N/m in 0.6 s, and thereafter more
slowly. The initial rapid tensile force change may be attributable to
removal of compressive electrostatic stress, which should relax when
the anodizing electric field is removed upon current interruption. The
electrostatic stress calculated from the measured force change and
the oxide thickness of 27 nm is −6.2 MPa. This value is appreciably
smaller than −43 MPa, the electrostriction stress found by Wu¨thrich
at a comparable electric field.34 Since the ability of the curvature in-
terferometry system to capture rapid force per width changes has not
been independently established, the accuracy of our measurement may
be uncertain. Both measurements can be compared to the theoretical
contribution to electrostatic stress from Maxwell stress,12 which is
estimated as −9.3 MPa, close to our measured value, using a Pois-
son’s ratio of 0.22 and a relative permittivity of 9 for alumina.34,35
However, this comparison is tentative, because the dielectrostriction
stress contribution to the electrostatic stress has also been shown to
be significant for other anodic oxides.12 In any case, the electrostatic
force was much smaller than the open circuit force change at times of
minutes to hours, which is of primary interest in this work.
Following relaxation of the electrostriction stress, Fig. 2 shows
that the force per width increased to −0.62 N/m at 100 s, and af-
terwards increased at a distinctly smaller rate. The rate of force
change at long times decreased slowly while the anodic film dissolved
(Fig. 1). Based on oxide thickness measurements described below,
complete dissolution would be expected at 80 min. It is noteworthy
that a tensile force value, relative to the reference value of zero before
anodizing, is approached in Fig. 1 while oxide dissolution is nearing
completion. This illustrates the general observation in this work that
anodizing followed by anodic film dissolution produces a significant
stress change in the metal sample.
Consideration of possible measurement artifacts.— We now dis-
cuss possible artifacts that can influence the experiments, in order to
show that the open-circuit force per width transients are directly rel-
evant to anodizing itself. The following paragraphs discuss potential
artifacts arising from dissolution-induced stress, internal stress in the
metal samples, and thermal stress.
If the force measurements are to be interpreted in terms of
anodizing-induced stress, the stress introduced during oxide disso-
lution should not be significant. The main panel in Fig. 3 shows the
force per width change during complete open-circuit dissolution of
Figure 3. Effect of current density on the components of the force per width
change during anodizing to 20 V. Open symbols are the overall force per width
change due to both anodizing and open-circuit oxide dissolution; filled symbols
are the force per width change during dissolution alone. The inset shows the
calculated apparent internal stress in the oxidized metal layer, assuming that the
measured overall force per width change is due to removal of internal stress.
Experiments involved anodizing to 20 V at various current densities (open
symbols), and anodizing at 5 mA/cm2 to various potentials (closed symbols).
films grown to 20 V at various current densities, as well as the overall
force change during anodizing and open-circuit dissolution in the same
experiments. The difference between these values is the force change
due to anodizing itself; while the anodizing force is relatively small,
it increases reproducibly with current density, as we showed earlier.23
The clear dependence of both force changes on current density demon-
strates that the force per width transients are primarily determined by
the anodizing conditions. Therefore, the measured open-circuit force
per width change results from stress introduced into the sample during
anodizing, and not during the open-circuit period. We reserve discus-
sion of the mechanistic implications of the current density dependence
for a later publication.
Experiments with thin-film metal substrates have shown that re-
moval of near-surface internal stress in the metal by oxidation can
contribute to the measured stress change during anodizing.18 In or-
der to assess the significance of internal stress effects in the present
measurements, we compared force per width measurements at various
applied current densities and formation voltage, under the assumption
that the force change due to anodizing followed by complete oxide
dissolution is only due to removal of hypothetical metal stress. Accord-
ingly, the inset in Fig. 3 shows the hypothetical internal metal stress,
−!Ftot
/
hmet , where !Ftot is the overall force change for anodizing
and dissolution, and hmet the oxidized metal thickness, obtained from
the anodizing charge using Faraday’s law. Results are shown for an-
odizing at 5 mA/cm2 to various potentials, and for anodic films grown
to 20 V at different current densities. The figure shows no consistent
trend of the calculated stress with oxidized metal thickness; indeed,
for the same range of hmet the stress from 20 V experiments is much
larger than that from the 5 mA/cm2 experiment. Since the overall force
per width change due to anodizing and dissolution does not depend
on hmet, the Figure contradicts the hypothesis that removal of internal
metal stress significantly affects the overall force change. Also, the
hypothetical stress at 20 V is much larger than the yield stress of the
Al samples, which was found to be 89 MPa. Therefore, we conclude
that the internal stress in the present sheet samples is not large enough
to significantly affect the measured force change. In fact, this was al-
ready apparent from the close agreement between the anodizing stress
measured using sheet and thin film samples, the latter of which had
been corrected for internal stress.23
For some anodizing conditions, significant temperature increases
caused by Joule heating of the oxide have been observed.36 Measure-
ments of the aluminum substrate temperature during anodizing were
carried out to assess whether thermal effects on the present stress mea-
surements might be significant. Fig. 4 shows the transient variation
of the Al temperature and force for anodizing at 7 mA/cm2. During
anodizing, the temperature increased above the bath temperature by
about 1.4◦C, and after switching off the power supply relaxed to its
initial value over a period of about 100 s. Thermal mismatch strain
is developed due to difference in the coefficient of thermal expan-
sion between the oxide film and the substrate. Since the substrate is
Figure 4. Temperature of Al substrate measured while anodizing at 7 mA/cm2
for 23.6 s, and during subsequent open-circuit period. Force per width measured
during anodizing is also shown.
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Figure 3.4 Temperature of Al substrate measured while anodizing at 5 mAcm−2 for 23.6s, and
during subseque t open-circuit period. Force per width measured during anodizing
is also shown.
3.3.3 Effect of oxide dissolution rate on open-circuit force measurements
As discussed in the Introduction, two types of processes may contribute to the open circuit
force per width change during dissolution: removal of residual stress in the anodic film by oxide
dissolution, and relaxation of stress by diffusion of defects to surfaces. While the dissolved oxide
thickness determines the extent of residual stress removal, the elapsed time on open circuit
should control the progress of diffusional stress relaxation. To discriminate between these
mechanisms, we performed stress measurements in which the same anodic film was dissolved
at different rates. Examples of two experiments showing the effect of oxide dissolution rate
on open-circuit force per width evolution are displayed in Figs. 3.5 and 3.6, for anodic films
formed to 20 and 40 V, respectively, at 5 mAcm−2 in 0.4 M H3PO4. Each figure shows
the force measured during open-circuit dissolution both in the anodizing solution and in 1 M
H3PO4. The latter measurements were carried out by adding concentrated phosphoric acid
to the cell upon completion of anodizing. The force in 1 M H3PO4 could not be captured
within 20 s after current interruption, because of disturbances accompanying solution addition
to the cell. The arrows denote the times of complete dissolution of the anodic films, according
to measurements of oxide thickness discussed below. In both figures, the force levels before
and after oxide dissolution are approximately the same in the two solutions, indicating that in
the more concentrated acid the same force change was measured over a smaller time period.
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This would be expected if the overall force change during dissolution is determined mainly by
removal of residual oxide stress.
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much thicker than the oxide film and there is strong bonding between
film and substrate, all the mismatch strain will be applied to the film.
Aluminum oxide and aluminum are isotropic materials, so force per
width, Fth, in the film due to thermal expansion mismatch can be
estimated as
Fth = −Eox (αox − αAl ) hox!T [3]
where αox and αAl are the thermal expansion coefficients of the oxide
film and aluminum substrate, with the values of 5 and 23× 10−6 K−1,
respectively. Young’s modulus of the barrier anodic film, Eox is about
120 GPa and the maximum thickness of the film hox is 40 nm.35,37
Hence, based on the measured temperature increase the maximum
force per width generated due to thermal expansion mismatch during
anodizing may be estimated as 0.10 N/m. As this value is much smaller
than the measured force, it is evident that for the present anodizing
conditions, thermal mismatch stress is not significant.
Effect of oxide dissolution rate on open-circuit force
measurements.— As discussed in the Introduction, two types of pro-
cesses may contribute to the open circuit force per width change
during dissolution: removal of residual stress in the anodic film by
oxide dissolution, and relaxation of stress by diffusion of defects to
surfaces. While the dissolved oxide thickness determines the extent of
residual stress removal, the elapsed time on open circuit should control
the progress of diffusional stress relaxation. To discriminate between
these mechanisms, we performed stress measurements in which the
same anodic film was dissolved at different rates. Examples of two
experiments showing the effect of oxide dissolution rate on open-
circuit force per width evolution are displayed in Figs. 5 and 6, for
anodic films formed to 20 and 40 V, respectively, at 5 mA/cm2 in 0.4
M H3PO4.. Each figure shows the force measured during open-circuit
dissolution both in the anodizing solution and in 1 M H3PO4. The lat-
ter measurements were carried out by adding concentrated phosphoric
acid to the cell upon completion of anodizing. The force in 1 M H3PO4
could not be captured within 20 s after current interruption, because of
disturbances accompanying solution addition to the cell. The arrows
denote the times of complete dissolution of the anodic films, according
to measurements of oxide thickness discussed below. In both figures,
the force levels before and after oxide dissolution are approximately
the same in the two solutions, indicating that in the more concentrated
acid the same force change was measured over a smaller time period.
This would be expected if the overall force change during dissolution
is determined mainly by removal of residual oxide stress.
Figure 5. Effect of dissolution rate on force per width evolution during open-
circuit dissolution of 20 V anodic film. Anodizing was in 0.4 M H3PO4 fol-
lowed by open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodizing
current densities were 5.3 mA/cm2 (0.4 M) and 4.7 mA/cm2 (1 M). The plotted
force per width is relative to the aluminum sample before anodizing, and there-
fore includes the compressive force per width induced by anodizing (−1.35
and −1.19 for the 0.4 and 1 M experiments, respectively). Arrows mark the
times of complete dissolution of the oxide, at 74 and 52 min in the 0.4 M and
1 M solutions, respectively.
Figure 6. Effect of dissolution rate on force per width evolution during open-
circuit dissolution of 40 V anodic film. Anodizing was in 0.4 M H3PO4,
followed by open-circuit dissolution in either 0.4 M or 1 M H3PO4. The an-
odizing current densities were 5.0 mA/cm2 (0.4 M) and 4.8 mA/cm2 (1 M). The
plotted force per width is relative to the aluminum sample before anodizing,
and therefore includes the compressive force per width induced by anodizing
(−3.15 and−2.67 N/m for the 0.4 and 1 M experiments, respectively). Arrows
mark the times of complete dissolution of the oxide, at 128 and 92 min in the
0.4 M and 1 M solutions, respectively.
In general, the open circuit dissolution measurements exhibited
a distinctly faster force per width change in the first minute of the
open circuit period. The sign and magnitude of this early force
change depended on both anodizing current density and potential. In
Figs. 1, 5 and 6, the force per width changed by 0.7,−0.9 and 0.9 N/m
during time intervals of 60, 40 and 50 s after the electrostatic stress
relaxation. In Figs. 5 and 6, both the 0.4 and 1.0 M H3PO4 force per
width transients had nearly the same time dependence during the first
minute on open circuit. This suggests that the initial portions of the
force transients may be controlled by a time-dependent diffusional re-
laxation, as opposed to removal of residual stress by oxide dissolution.
In contrast, the overall rate of force change over the entire dissolution
period is clearly larger in the more concentrated solutions, in which
more rapid dissolution is expected.
Depth distributions of residual oxide stress.— The interpretation
of open circuit force evolution in terms of stress relaxation at small
time scales of ∼ 1 min, and residual stress removal on longer time
scales, was tested by quantitative analysis of the oxide dissolution ex-
periments. Oxide thickness changes during dissolution were measured
using re-anodizing experiments, and used to calculate residual stress
distributions from the force transients in Figs. 5 and 6. Comparison
of stress distributions obtained at each phosphoric acid concentration
then helped evaluate to what extent force evolution was controlled
by residual stress removal. In broader terms, the results in this sec-
tion validate our approach to determine residual stress distributions
in anodic oxides. Analysis of these distributions can reveal separate
stress-generating processes at the metal and solution interfaces.
Fig. 7 shows examples of potential transients during re-anodizing
following partial dissolution of an anodic film formed to 20 V. Af-
ter the indicated times at open circuit, the original anodizing current
density was reapplied; the resulting potential transients are shown in
the figure. The measured anodizing potential is related linearly to the
oxide thickness, according to the electric field of 0.89 V/nm at this
current density.22 In each transient, the potential increased abruptly to
a value establishing the electric field needed to drive anodizing current
through the remaining barrier oxide. Subsequently, the potential in-
creased at a constant rate, indicating uniform barrier oxide growth.29
In Fig. 7, the potential of uniform oxide growth is reached immedi-
ately after 5, 10 and 90 min open circuit dissolution, and at 0.7 s after
dissolution for 20 and 55 min. The decreasing re-anodizing potential
with dissolution time is expected due to the smaller remaining oxide
thickness after partial dissolution.
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Figure 3.5 Effect of diss l tion rate o force per width evolution during open-circuit dissolu-
tion of 20 V anodic film. Anodizing was in 0.4 M H3PO4 followed by open-circuit
dissolution in either 0.4 M or 1 M H3PO4. The anodizing current de sities were
5.3 mAcm−2 (0.4 M) and 4.7 mAcm−2(1 M). The plotted force per width is relative
to the aluminum sample before anodizing, and therefore includes the compressive
force per width induced by anodizing (-1.35 and -1.19 for the 0.4 and 1 M experi-
ments, respectively). Arrows mark the times of complete dissolution of the oxide,
at 74 and 52 min in the 0.4 M and 1 M solutions, respectively.
In general, the open circuit dissolution measurements exhibited a distinctly faster force per
width change in the first minute of the open circuit period. The sign and magnitude of this
early force change depended on both anodizing current density and potential. In Figs. 3.1,
3.5 and 3.6, the force per width changed by 0.7, -0.9 and 0.9 N/m during time intervals of 60,
40 and 50 s after the electrostatic stress relaxation. In Figs. 3.5 and 3.6, both the 0.4 and
1.0M H3PO4 force per width transients had nearly the same time dependence during the first
minute on open circuit. This suggests that the initial portions of the force transients may be
controlled by a time-dependent diffusional relaxation, as opposed to removal of residual stress
by oxide dissolution. In contrast, the overall rate of force change over the entire dissolution
period is clearly larger in the more concentrated solutions, in which more rapid dissolution is
expected.
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much thicker than the oxide film and there is strong bonding between
film and substrate, all the mismatch strain will be applied to the film.
Aluminum oxide and aluminum are isotropic materials, so force per
width, Fth, in the film due to thermal expansion mismatch can be
estimated as
Fth = −Eox (αox − αAl ) hox!T [3]
where αox and αAl are the thermal expansion coefficients of the oxide
film and aluminum substrate, with the values of 5 and 23× 10−6 K−1,
respectively. Young’s modulus of the barrier anodic film, Eox is about
120 GPa and the maximum thickness of the film hox is 40 nm.35,37
Hence, based on the measured temperature increase the maximum
force per width generated due to thermal expansion mismatch during
anodizing may be estimated as 0.10 N/m. As this value is much smaller
than the measured force, it is evident that for the present anodizing
conditions, thermal mismatch stress is not significant.
Effect of oxide dissolution rate on open-circuit force
measurements.— As discussed in the Introduction, two types of pro-
cesses may contribute to the open circuit force per width change
during dissolution: removal of residual stress in the anodic film by
oxide dissolution, and relaxation of stress by diffusion of defects to
surfaces. While the dissolved oxide thickness determines the extent of
residual stress removal, the elapsed time on open circuit should control
the progress of diffusional stress relaxation. To discriminate between
these mechanisms, we performed stress measurements in which the
same anodic film was dissolved at different rates. Examples of two
experiments showing the effect of oxide dissolution rate on open-
circuit force per width evolution are displayed in Figs. 5 and 6, for
anodic films formed to 20 and 40 V, respectively, at 5 mA/cm2 in 0.4
M H3PO4.. Each figure shows the force measured during open-circuit
dissolution both in the anodizing solution and in 1 M H3PO4. The lat-
ter measurements were carried out by adding concentrated phosphoric
acid to the cell upon completion of anodizing. The force in 1 M H3PO4
could not be captured within 20 s after current interruption, because of
disturbances accompanying solution addition to the cell. The arrows
denote the times of complete dissolution of the anodic films, according
to measurements of oxide thickness discussed below. In both figures,
the force levels before and after oxide dissolution are approximately
the same in the two solutions, indicating that in the more concentrated
acid the same force change was measured over a smaller time period.
This would be expected if the overall force change during dissolution
is determined mainly by removal of residual oxide stress.
Figure 5. Effect of dissolution rate on force per width evolution during open-
circuit dissolution of 20 V anodic film. Anodizing was in 0.4 M H3PO4 fol-
lowed by open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodizing
current densities were 5.3 mA/cm2 (0.4 M) and 4.7 mA/cm2 (1 M). The plotted
force per width is relative to the aluminum sample before anodizing, and there-
fore includes the compressive force per width induced by anodizing (−1.35
and −1.19 for the 0.4 and 1 M experiments, respectively). Arrows mark the
times of complete dissolution of the oxide, at 74 and 52 min in the 0.4 M and
1 M solutions, respectively.
Figure 6. Effect of dissolution rate on force per width evolution during open-
circuit dissolution of 40 V anodic film. Anodizing was in 0.4 M H3PO4,
followed by open-circuit dissolution in either 0.4 M or 1 M H3PO4. The an-
odizing current densities were 5.0 mA/cm2 (0.4 M) and 4.8 mA/cm2 (1 M). The
plotted force per width is relative to the aluminum sample before anodizing,
and therefore includes the compressive force per width induced by anodizing
(−3.15 and−2.67 N/m for the 0.4 and 1 M experiments, respectively). Arrows
mark the times of complete dissolution of the oxide, at 128 and 92 min in the
0.4 M and 1 M solutions, respectively.
In general, the open circuit dissolution measurements exhibited
a distinctly faster force per width change in the first minute of the
open circuit period. The sign and magnitude of this early force
change depended on both anodizing current density and potential. In
Figs. 1, 5 and 6, the force per width changed by 0.7,−0.9 and 0.9 N/m
during time intervals of 60, 40 and 50 s after the electrostatic stress
relaxation. In Figs. 5 and 6, both the 0.4 and 1.0 M H3PO4 force per
width transients had nearly the same time dependence during the first
minute on open circuit. This suggests that the initial portions of the
force transients may be controlled by a time-dependent diffusional re-
laxation, as opposed to removal of residual stress by oxide dissolution.
In contrast, the overall rate of force change over the entire dissolution
period is clearly larger in the more concentrated solutions, in which
more rapid dissolution is expected.
Depth distributions of residual oxide stress.— The interpretation
of open circuit force evolution in terms of stress relaxation at small
time scales of ∼ 1 min, and residual stress removal on longer time
scales, was tested by quantitative analysis of the oxide dissolution ex-
periments. Oxide thickness changes during dissolution were measured
using re-anodizing experiments, and used to calculate residual stress
distributions from the force transients in Figs. 5 and 6. Comparison
of stress distributions obtained at each phosphoric acid concentration
then helped evaluate to what extent force evolution was controlled
by residual stress removal. In broader terms, the results in this sec-
tion validate our approach to determine residual stress distributions
in anodic oxides. Analysis of these distributions can reveal separate
stress-generating processes at the metal and solution interfaces.
Fig. 7 shows examples of potential transients during re-anodizing
following partial dissolution of an anodic film formed to 20 V. Af-
ter the indicated times at open circuit, the original anodizing current
density was reapplied; the resulting potential transients are shown in
the figure. The measured anodizing potential is related linearly to the
oxide thickness, according to the electric field of 0.89 V/nm at this
current density.22 In each transient, the potential increased abruptly to
a value establishing the electric field needed to drive anodizing current
through the remaining barrier oxide. Subsequently, the potential in-
creased at a constant rate, indicating uniform barrier oxide growth.29
In Fig. 7, the potential of uniform oxide growth is reached immedi-
ately after 5, 10 and 90 min open circuit dissolution, and at 0.7 s after
dissolution for 20 and 55 min. The decreasing re-anodizing potential
with dissolution time is expected due to the smaller remaining oxide
thickness after partial dissolution.
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Figure 3.6 Effect of dissolution rate on force per width evolution during open-circuit dissolu-
tion of 40 V anodic film. Anodizing was in 0.4 M H3PO4, followed by open-circuit
dissolution in either 0.4 M or 1 M H3PO4. The anodizing current densities were 5.0
mAcm−2 (0.4 M) and 4.8 Acm−2 (1 M). The plotted force per width is relative
to the aluminum sample before anodizing, and therefore includes the compressive
force per width induced by anodizing (-3.15 and -2.67 N/m for the 0.4 and 1 M
experiments, respectively). Arrows mark the times of complete dissolution of the
oxide, at 128 and 92 min in the 0.4 M and 1 M solutions, respectively.
3.3.4 Depth distributio s of residual oxide stress
The interpretation of open circuit force evolution in terms of stress relaxation at small time
scales of ∼ 1 min, and residual stress removal on longer time scales, was tested by quantitative
analysis of the oxide dissolution experiments. Oxide thickness changes during dissolution were
measured using re-anodizing experiments, and used to calculate residual stress distributions
from the force transients in Figs. 3.5 and 3.6. Comparison of stress distributions obtained at
each phosphoric acid concentration then helped evaluate to what ext n force evolution was
controlled by residual str s removal. In broader term , the results i this s ction validate our
approach to determ ne residual stress distributions in an dic oxides. Analysis of these distri-
butions can reveal eparated stress-genera ing processes at the metal and solution interfaces.
Fig. 3.7 shows a sam le of po ntial transi ts during re-anodizing f owing partial disso-
lution of an anodic film formed to 20 V. Aft r the indicated times at open circuit, the original
anodizing current density was reappli d; t resulti g po ential tran ients are shown in the
figure. The measured a odizing potential is rel te linearly to the oxide thickness, according
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Figure 7. Potential transients measured during re-anodizing after open-circuit
dissolution of the 20 V anodic film. Anodizing was at 5 ± 0.5 mA/cm2 in 0.4
M H3PO4, followed by open-circuit dissolution for the indicated times, and
then further anodizing at 5 mA/cm2 in the same solution.
For each dissolution time, the barrier oxide thickness was calcu-
lated from the potential at the initiation of uniform oxide growth during
re-anodizing. The re-anodizing potential was converted to thickness
using the above-mentioned electric field. The potential at the metal-
oxide interface was taken to be 0.0 V, the onset potential of the anodiz-
ing current wave observed during potentiodynamic polarization of Al
in 0.4 M H3PO4. Fig. 8 shows the resulting dependence of the oxide
thickness on dissolution time, during dissolution of the 20 V anodic
film in either 0.4 M or 1.0 M H3PO4. The final thicknesses of 3 nm in
both experiments represent a limiting oxide thickness that could not
be reduced by further dissolution; when this thickness is reached, the
metal begins to dissolve while the oxide thickness remains constant.38
Fig. 8 shows that the open circuit dissolution time in 1.0 M H3PO4 was
30% smaller than that in the 0.4 M solution. The relative dissolution
rates compare favorably to the force transients in Fig. 5, in which the
time to reach the maximum force was 29% smaller in the 1 M solu-
tion. The similar time dependences of the force and oxide thickness
again indicates that removal of residual oxide stress controls the force
transients at times of 10–100 min. For both phosphoric acid solutions,
the oxide thickness data were well approximated by two linear time
dependences, with the outer layer of the oxide apparently dissolving
at a higher constant rate compared to the inner portion. Several re-
Figure 8. Dependence of anodic oxide thickness on time during open-circuit
dissolution in either 0.4 M or 1 M H3PO4. Anodizing was in 0.4 M H3PO4
to 20 V at 4.9 mA/cm2. Oxide thickness was determined from re-anodizing
experiments.
Figure 9. Calculated residual stress distributions in 20 V anodic film. Stress
distributions were calculated using force and thickness evolution measured
during open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodic
oxide was formed in 0.4 M H3PO4 at 5 mA/cm2. The interpretation of the
dashed sections, as either residual stress or stress relaxations, is discussed in
the text.
ports in the literature have found similarly enhanced dissolution in the
outer layer, which has been explained by effects due to incorporated
electrolyte anions.30,31,39
Based on the oxide thickness measurements, hypothetical residual
stress distributions were calculated from the force evolution results
in Figs. 5 and 6. Using the oxide thickness measurements, time in-
tervals were identified corresponding to 1 nm increments of oxide
dissolution. The force per width change over each such interval was
divided by 1 nm to obtain the average in-plane stress within the 1
nm thickness increment. Thus, the calculated stress at a given depth z
approximates the local biaxial stress σxx(z) defined in Eq. 2. Note that
this calculation neglects any contribution of temporal relaxations to
the force transients, instead assuming temporarily that the transients
are entirely due to residual stress removal. Figs. 9 and 10 show the
calculated residual stress distributions for the 20 V and 40 V anodic
films, respectively. Both sets of profiles have steep apparent stress gra-
dients within 1.5 nm of the oxide-solution interface, with relatively
smaller stress at greater depths. The 1.5 nm surface layers correspond
to the rapid stress relaxations in the first minute of dissolution in
Figs. 5 and 6. At depths greater than 1.5 nm, the stress profiles mea-
sured in 0.4 and 1 M H3PO4 are in close agreement. The average
stress at such depths in Fig. 9 is −210 MPa in the 0.4 M H3PO4 pro-
file and −190 MPa in the 1 M H3PO4 profile. For the 40 V oxide in
Figure 10. Calculated residual stress distributions in 40 V anodic film. Stress
distributions were calculated using force and thickness evolution measured
during open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodic
oxide was formed in 0.4 M H3PO4 at 5 mA/cm2. The interpretation of the
dashed sections, as either residual stress or stress relaxations, is discussed in
the text.
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Figure 3.7 Potential tra sients me sured duri g re-anodizing after open-circuit dis olution of
the 20 V anodic film. Anodizing was at 5 ± 0.5 mAcm−2 in 0.4 M H3PO4, followed
by open-circuit dissolution for the indicated times, and then further anodizing at
5 mA/cm2 in the same solution.
to the electric field of 0.89 V/nm at this current density (22). In each transient, the potential
increased abruptly to a value establishing the electric field needed to drive anodizing current
through the remaining barrier oxide. Subsequently, the potential increased at a constant rate,
indicating uniform barrier oxide growth (29). In Fig. 3.7, the potential of uniform oxide growth
is reached immediately after 5, 10 and 90 min open circuit dissolution, and at 0.7 s after dis-
solution for 20 and 55 min. The decreasing re-anodizing potential with dissolution time is
expected due to the smaller remaining xide thickness after partial dissolution.
For each dissolution time, the barri r oxide thickness was calculated from the potential
at the initiation of uniform oxide growth during e-anodizing. The re-anodizing potential was
converted to thickness using the above-m ntioned electric field. The potential at the metal-oxide
interface was taken to be 0.0 V, the onset potential of the anodizing current wave observed
during potentiodynamic polarization of Al in 0.4 M H3PO4. Fig. 3.8 shows the resulting
dependence of the oxide thickness on dissolution time, during dissolution of the 20 V anodic
film in either 0.4 M or 1.0 M H3PO4. The final thicknesses of 3 nm in both experiments
represent a limiting oxide thickness that could not be reduced by further dissolution; when this
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thickness is reached, the metal begins to dissolve while the oxide thickness remains constant(38).
Fig.3.8 shows that the open circuit dissolution time in 1.0 M H3PO4 was 30 % smaller than that
in the 0.4 M solution. The relative dissolution rates compare favorably to the force transients
in Fig. 5, in which the time to reach the maximum force was 29 % smaller in the 1 M solution.
The similar time dependences of the force and oxide thickness again indicates that removal of
residual oxide stress controls the force transients at times of 10 - 100 min. For both phosphoric
acid solutions, the oxide thickness data were well approximated by two linear time dependences,
with the outer layer of the oxide apparently dissolving at a higher constant rate compared to
the inner portion. Several reports in the literature have found similarly enhanced dissolution
in the outer layer, which has been explained by effects due to incorporated electrolyte anions
(30; 31; 39).
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Figure 7. Potential transients measured during re-anodizing after open-circuit
dissolution of the 20 V anodic film. Anodizing was at 5 ± 0.5 mA/cm2 in 0.4
M H3PO4, followed by open-circuit dissolution for the indicated times, and
then further anodizing at 5 mA/cm2 in the same solution.
For each dissolution time, the barrier oxide thickness was calcu-
lated from the potential at the initiation of uniform oxide growth during
re-anodizing. The re-anodizing potential was converted to thickness
using the above-mentioned electric field. The potential at the metal-
oxide interface was taken to be 0.0 V, the onset potential of the anodiz-
ing current wave observed during potentiodynamic polarization of Al
in 0.4 M H3PO4. Fig. 8 sh ws the resulting de endence of the oxide
thickness on dissolution time, during dissolution of the 20 V anodic
film in eith r 0.4 M or 1.0 M H3PO4. The final thicknesses of 3 nm in
both experiments represent a limiting oxide thickness that could not
be reduc d by further dissolutio ; when this thickne s is reache , the
metal begins to dissolve while the oxide thickness remains constant.38
Fig. 8 shows that the op n circuit dis olution time in 1.0 M H3PO4 was
30% smaller than that in the 0.4 M solution. The relative dissolution
rates compare favorably to the force transients in Fig. 5, in which the
time to reach the maximum force was 29% smaller in the 1 M solu-
tion. The similar time depe dences of the force nd oxide thickness
again indicates that removal of residual oxide stress controls the force
transients at times of 10–100 min. For bot phosphoric acid solutions,
the oxide thickness data were well approximated by two linear time
dependences, with th outer layer of the oxide apparently dissolving
at a higher constant rate compared to the inner portion. Several re-
Figure 8. Dependence of anodic oxide thickness on time during open-circuit
dissolution in either 0.4 M or 1 M H3PO4. Anodizing was in 0.4 M H3PO4
to 20 V at 4.9 mA/cm2. Oxide thickness was determined from re-anodizing
experiments.
Figure 9. Calculated residual stress distributions in 20 V anodic film. Stress
distributions were calculated using force and thickness evolution measured
during open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodic
oxide was formed in 0.4 M H3PO4 at 5 mA/cm2. The interpretation of the
dashed sections, as either residual stress or stress relaxations, is discussed in
the text.
ports in the literature have found similarly enhanced dissolution in the
outer layer, which has been explained by effects due to incorporated
electrolyte anions.30,31,39
Based on the oxide thickness measurements, hypothetical residual
stress distributions were calculated from the force evolution results
in Figs. 5 and 6. Using the oxide thickness measurements, time in-
tervals were identified corresponding to 1 nm increments of oxide
dissolution. The force per width change over each such interval was
divided by 1 nm to obtain the average in-plane stress within the 1
nm thickness increment. Thus, the calculated stress at a given depth z
approximates the local biaxial stress σxx(z) defined in Eq. 2. Note that
this calculation neglects any contribution of temporal relaxations to
the force transients, instead assuming temporarily that the transients
are entirely due to residual stress removal. Figs. 9 and 10 show the
calculated residual stress distributions for the 20 V and 40 V anodic
films, respectively. Both sets of profiles have steep apparent stress gra-
dients within 1.5 nm of the oxide-solution interface, with relatively
smaller stress at greater depths. The 1.5 nm surface layers correspond
to the rapid stress relaxations in the first minute of dissolution in
Figs. 5 and 6. At depths greater than 1.5 nm, the stress profiles mea-
sured in 0.4 and 1 M H3PO4 are in close agreement. The average
stress at such depths in Fig. 9 is −210 MPa in the 0.4 M H3PO4 pro-
file and −190 MPa in the 1 M H3PO4 profile. For the 40 V oxide in
Figure 10. Calculated residual stress distributions in 40 V anodic film. Stress
distributions were calculated using force and thickness evolution measured
during open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodic
oxide was formed in 0.4 M H3PO4 at 5 mA/cm2. The interpretation of the
dashed sections, as either residual stress or stress relaxations, is discussed in
the text.
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Figure 3.8 Dependence of anodic oxide thickness on time during open-circuit dissolution in
either 0.4 M or 1 M H3PO4. Anodizing was in 0.4 M H3PO4 to 20 V at 4.9
mAcm−2. Oxide thickness was determined from re-anodizing experiments.
Based on the oxide thickness measurements, hypothetical residual stress distributions were
calculated from the force evolution results in Figs. 3.5 and 3.6. Using the oxide thickness
measurements, time intervals were identified corresponding to 1 nm increments of oxide dis-
solution. The force per width change over each such interval was divided by 1 nm to obtain
the average in-plane stress within the 1 nm thickness increment. Thus, the calculated stress at
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a given depth z approximates the local biaxial stress σxx(z) defined in Eq.7.2. Note that this
calculation neglects any contribution of temporal relaxations to the force transients, instead
assuming temporarily that the transients are entirely due to residual stress removal. Figs. 3.9
and 3.10 show the calculated residual stress distributions for the 20 V and 40 V anodic films,
respectively. Both sets of profiles have steep apparent stress gradients within 1.5 nm of the
oxide-solution interface, with relatively smaller stress at greater depths. The 1.5 nm surface
layers correspond to the rapid stress relaxations in the first minute of dissolution in Figs. 3.5
and 3.6. At depths greater than 1.5 nm, the stress profiles measured in 0.4 and 1 M 0.4 M
H3PO4 are in close agreement. The average stress at such depths in Fig. 3.9 is -210 MPa in the
0.4 M H3PO4 profile and -190 MPa in the 1 M H3PO4 profile. For the 40 V oxide in Fig. 3.10,
the average stress is much smaller, -97 MPa in 0.4 M H3PO4 and -68 MPa in 1 M H3PO4. The
measurement of similar stress levels in each solution, for both 20 V and 40 V oxides, provides
quantitative evidence that residual stress removal controls the open-circuit force transients at
times greater than 1 min.
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Figure 7. Potential transients measured during re-anodizing after open-circuit
dissolution of the 20 V anodic film. Anodizing was at 5 ± 0.5 mA/cm2 in 0.4
M H3PO4, followed by open-circuit dissolution for the indicated times, and
then further anodizing at 5 mA/cm2 in the same solution.
For each dissolution time, the barrier oxide thickness was calcu-
lated from the potential at the initiation of uniform oxide growth during
re-anodizing. The re-anodizing potential was converted to thickness
using the above-mentioned electric field. The potential at the metal-
oxide interface was taken to be 0.0 V, the onset potential of the anodiz-
ing current wave observed during potentiodynamic polarization of Al
in 0.4 M H3PO4. Fig. 8 shows the resulting dependence of the oxide
thickness on dissolution time, during dissolution of the 20 V anodic
film in either 0.4 M or 1.0 M H3PO4. The final thicknesses of 3 nm in
both experiments represent a limiting oxide thickness that could not
be reduced by further dissolution; when this thickness is reached, the
metal begins to dissolve while the oxide thickness remains constant.38
Fig. 8 shows that the open circuit dissolution time in 1.0 M H3PO4 was
30% smaller than that in the 0.4 M solution. The relative dissolution
rates compare favorably to the force transients in Fig. 5, in which the
time to reach the maximum force was 29% smaller in the 1 M solu-
tion. The similar time dependences of the force and oxide thickness
again indicates that removal of residual oxide stress controls the force
transients at times of 10–100 min. For both phosphoric acid solutions,
the oxide thickness data were well approximated by two linear time
dependences, with the outer layer of the oxide apparently dissolving
at a higher constant rate compared to the inner portion. Several re-
Figure 8. Dependence of anodic oxide thickness on time during open-circuit
dissolution in either 0.4 M or 1 M H3PO4. Anodizing was in 0.4 M H3PO4
to 20 V at 4.9 mA/cm2. Oxide thickness was determined from re-anodizing
experiments.
Figure 9. Calculated residual stress distributions in 20 V anodic film. Stress
distributions were calculated using force and thickness evolution measured
during open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodic
oxide was formed in 0.4 M H3PO4 at 5 mA/cm2. The interpretation of the
dashed sections, as either residual stress or stress relaxations, is discussed in
the text.
ports in the literature have found similarly enhanced dissolution in the
outer layer, which has been explained by effects due to incorporated
electrolyte anions.30,31,39
Based on the oxide thickness measurements, hypothetical residual
stress distributions were calculated from the force evolution results
in Figs. 5 and 6. Using the oxide thickness measurements, time in-
tervals were identified corresponding to 1 nm increments of oxide
dissolution. The force per width change over each such interval was
divided by 1 nm to obtain the average in-plane stress within the 1
nm thickness increment. Thus, the calculated stress at a given depth z
approximates the local biaxial stress σxx(z) defined in Eq. 2. Note that
this calculation neglects any contribution of temporal relaxations to
the force transients, instead assuming temporarily that the transients
are entirely due to residual stress removal. Figs. 9 and 10 show the
calculated residual stress distributions for the 20 V and 40 V anodic
films, respectively. Both sets of profiles have steep apparent stress gra-
dients within 1.5 nm of the oxide-solution interface, with relatively
smaller stress at greater depths. The 1.5 nm surface layers correspond
to the rapid stress relaxations in the first minute of dissolution in
Figs. 5 and 6. At depths greater than 1.5 nm, the stress profiles mea-
sured in 0.4 and 1 M H3PO4 are in close agreement. The average
stress at such depths in Fig. 9 is −210 MPa in the 0.4 M H3PO4 pro-
file and −190 MPa in the 1 M H3PO4 profile. For the 40 V oxide in
Figure 10. Calculated residual stress distributions in 40 V anodic film. Stress
distributions were calculated using force and thickness evolution measured
during open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodic
oxide was formed in 0.4 M H3PO4 at 5 mA/cm2. The interpretation of the
dashed sections, as either residual stress or stress relaxations, is discussed in
the text.
) unless CC License in place (see abstract).  ecsdl.org/site/terms_use address. Redistribution subject to ECS terms of use (see 129.186.209.30Downloaded on 2014-03-28 to IP 
Figure 3.9 Calculated residual stress distributions in 20 V anodic film. Stress distributions
were calculated using force and thickness evolution measured during open-circuit
dissolution in either 0.4 M or 1 M H3PO4. The anodic oxide was formed in 0.4 M
H3PO4 at 5 mAcm
−2. The interpretation of the dashed sections, as either residual
stress or stress relaxations, is discussed in the text.
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Figure 7. Potential transients measured during re-anodizing after open-circuit
dissolution of the 20 V anodic film. Anodizing was at 5 ± 0.5 mA/cm2 in 0.4
M H3PO4, followed by open-circuit dissolution for the indicated times, and
then further anodizing at 5 mA/cm2 in the same solution.
For each dissolution time, the barrier oxide thickness was calcu-
lated from the potential at the initiation of uniform oxide growth during
re-anodizing. The re-anodizing potential was converted to thickness
using the above-mentioned electric field. The potential at the metal-
oxide interface was taken to be 0.0 V, the onset potential of the anodiz-
ing current wave observed during potentiodynamic polarization of Al
in 0.4 M H3PO4. Fig. 8 shows the resulting dependence of the oxide
thickness on dissolution time, during dissolution of the 20 V anodic
film in either 0.4 M or 1.0 M H3PO4. The final thicknesses of 3 nm in
both experiments represent a limiting oxide thickness that could not
be reduced by further dissolution; when this thickness is reached, the
metal begins to dissolve while the oxide thickness remains constant.38
Fig. 8 shows that the open circuit dissolution time in 1.0 M H3PO4 was
30% smaller than that in the 0.4 M solution. The relative dissolution
rates compare favorably to the force transients in Fig. 5, in which the
time to reach the maximum force was 29% smaller in the 1 M solu-
tion. The similar time dependences of the force and oxide thickness
again indicates that removal of residual oxide stress controls the force
transients at times of 10–100 min. For both phosphoric acid solutions,
the oxide thickness data were well approximated by two linear time
dependences, with the outer layer of the oxide apparently dissolving
at a higher constant rate compared to the inner portion. Several re-
Figure 8. Dependence of anodic oxide thickness on time during open-circuit
dissolution in either 0.4 M or 1 M H3PO4. Anodizing was in 0.4 M H3PO4
to 20 V at 4.9 mA/cm2. Oxide thickness was determined from re-anodizing
experiments.
Figure 9. Calculated residual stress distributions in 20 V anodic film. Stress
distributions were calculated using force and thickness evolution measured
during open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodic
oxide was formed in 0.4 M H3PO4 at 5 mA/cm2. The interpretation of the
dashed sections, as either residual stress or stress relaxations, is discussed in
the text.
ports in the literature have found similarly enhanced dissolution in the
outer layer, which has been explained by effects due to incorporated
electrolyte anions.30,31,39
Based on the oxide thickness measurements, hypothetical residual
stress distributions were calculated from the force evolution results
in Figs. 5 and 6. Using the oxide thickness measurements, time in-
tervals were identified corresponding to 1 nm increments of oxide
dissolution. The force per width change over each such interval was
divided by 1 nm to obtain the average in-plane stress within the 1
nm thickness increment. Thus, the calculated stress at a given depth z
approximates the local biaxial stress σxx(z) defined in Eq. 2. Note that
this calculation neglects any contribution of temporal relaxations to
the force transients, instead assuming temporarily that the transients
are entirely due to residual stress removal. Figs. 9 and 10 show the
calculated residual stress distributions for the 20 V and 40 V anodic
films, respectively. Both sets of profiles have steep apparent stress gra-
dients within 1.5 nm of the oxide-solution interface, with relatively
smaller stress at greater depths. The 1.5 nm surface layers correspond
to the rapid stress relaxations in the first minute of dissolution in
Figs. 5 and 6. At depths greater than 1.5 nm, the stress profiles mea-
sured in 0.4 and 1 M H3PO4 are in close agreement. The average
stress at such depths in Fig. 9 is −210 MPa in the 0.4 M H3PO4 pro-
file and −190 MPa in the 1 M H3PO4 profile. For the 40 V oxide in
Figure 10. Calculated residual stress distributions in 40 V anodic film. Stress
distributions were calculated using force and thickness evolution measured
during open-circuit dissolution in either 0.4 M or 1 M H3PO4. The anodic
oxide was formed in 0.4 M H3PO4 at 5 mA/cm2. The interpretation of the
dashed sections, as either residual stress or stress relaxations, is discussed in
the text.
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Figure 3.10 Calculated residual stress distributions in 40 V anodic film. Stress distributions
were calculated using force and thickness evolution measured during open-circuit
dissolution in either 0.4 M or 1 M H3PO4. The anodic oxide was formed in 0.4
M H3PO4 at 5 mAcm
−2. The interpretation of the dashed sections, as either
residual stress or stress relaxations, is discussed in the text.
The apparently elevated stress close to the oxide surface in Figs. 3.9 and 3.10 is likely
associated with temporal stress relaxations rather than removal of residual oxide stress. As
mentioned earlier, this view is supported by the close agreement of force transients measured
in 0.4 M and 1 M phosphoric acid, during the first minute of the open-circuit period (Figs. 3.5
and 3.6). In addition, it is difficult to rationalize the large stress gradients near the oxide surface
implied by literal interpretation of Figs. 3.9 and 3.10. If such gradients were present during
anodizing, they would significantly perturb the oxygen ion migration rate. For example, the
chemical potential gradient implied by the apparent near-surface stress gradient in the 0.4 M
H3PO4 profile at 40 V, 1.8 GPa/nm, is equivalent to an electric field perturbation of 0.1V/nm
(6; 40). During barrier oxide growth in 0.4 M H3PO4, the current density obeys an exponential
high-field dependence on the electric field, i = iA0exp
(
BEf
)
, where Ef is the electric field
in the oxide, and the values of the pre-exponential current density and field coefficient are
iA0= 4.49× 10−12Acm−2 and B = 23.4 nm/V (22). Accordingly, the fractional current density
perturbation induced by the stress gradient would be ∆i/i = B∆Ef , or 230 %. This large
86
current density variation would violate charge continuity if not accompanied by a compensating
space charge layer. However, we know of no independent evidence for such space charge layers.
Therefore, it is difficult to justify the large near-surface stress gradients like those in Figs. 3.9
and 3.10, which are instead interpreted in terms of temporal stress relaxations during the first
1 min after current interruption.
Comparison of the 20 V and 40 V stress profiles and force transients reveal changes in
stress relaxation mechanisms during barrier oxide growth. The residual stress profiles (depths
greater than 1.5 nm in Figs. 3.9 and 3.10) measured in 0.4 M H3PO4 are considered most
reliable for these purposes, as the 1 M H3PO4 force measurements were affected by fluctuations
possibly caused by the higher dissolution rate. The residual compressive stress in the oxide
is uniform at 20 V, while at 40 V the residual stress is reduced significantly and seems to be
concentrated in the outer 20 nm of the oxide film. At 20 V, the force per width relaxes in the
compressive direction by -0.7 N/m during the first minute on open circuit, and at 40 V the
force per width relaxation is in the tensile direction by 1.4 N/m. Therefore, the increase of
overall open circuit force change from 20 to 40 V (Figs. 3.5 and 3.6) corresponds to a larger
transient force relaxation at the higher voltage; in contrast, the residual force in the thicker
oxide is considerably reduced. Apparently, while stress generation continues during anodizing,
processes that relax compressive stress in the oxide become more effective as the oxide thickness
increases. A subsequent article will explore mechanisms explaining the dependences of residual
stress and force relaxations on oxide thickness.
3.3.5 Implications of the stress measurements
The open-circuit measurements in this work revealed that the net compressive force change
during anodizing included a large tensile component remaining when the anodic film is dis-
solved completely, to leave an approximately 3 nm thick remaining oxide. The tensile force is
attributed to stress near the metal-oxide interface, either in the metal or remaining oxide layer.
However, if this stress were entirely localized in the oxide, the force changes in Fig. 3.3 would
imply a stress as large as 5 GPa, which seems inconsistent with the much smaller compressive
residual stress in the anodic oxide (Fig. 3.9). Therefore, we consider it more likely that the final
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force change is due to interfacial tensile stress in the Al metal generated by anodizing. Tensile
metal stress near the interface could arise from formation of vacancies by anodizing, followed
by elimination of the vacancies by climb of near-surface dislocations. Such a process was pro-
posed by Suo and coworkers to help explain void formation during high-temperature oxidation
(19). Several reports also suggest metal vacancy production during Al anodizing, such as near-
interface metal diffusion during dilute Al-Au alloy oxidation(5; 41), and observations of void
formation close to the interface by positron annihilation measurements, transmission electron
microscopy and atomic force microscopy(42; 43). A quantitative treatment of interfacial metal
diffusion accompanying anodizing will be reported in a separate article.
Tensile stress changes on open circuit following anodizing have been reported previously, but
not in conjunction with characterization of open-circuit oxide dissolution. Hence, the tensile
shift was attributed to processes within the anodic oxide. Vermilyea and Wuthrich suggested
that the tensile stress change is due to dehydration of the outer hydrated portion of the oxide
(7; 13), and Bradhurst and Leach ascribed it to removal of electrostatic stress (21). These
explanations cannot be valid in view our findings that the tensile open circuit force increases
with anodizing current density (Fig. 3.3), and yet reaches its highest level when the oxide is
almost completely dissolved (Figs. 3.1, 3.5 and 3.6). Previous papers have also significantly
underestimated the compressive stress produced in the oxide by anodizing, since they did not
consider the contribution of tensile interface stress to the measured force change.
The analysis of force changes during open-circuit dissolution also revealed temporal relax-
ations of the anodizing-induced stress. As the forming voltage increased from 20 to 40 V, the
relaxations increased in magnitude, and changed direction from compressive to tensile. Relax-
ations of growth stress are frequently observed in thin-film deposition and electrodeposition
experiments, and analysis of these relaxations has helped elucidate stress-generating mecha-
nisms (17; 24; 25; 26) In the present context of anodizing, both compressive relaxations of the
tensile metal stress and tensile relaxations of the compressive oxide stress seem possible. The
metal stress relaxation could be due to diffusion of Al atoms from interfacial voids to dislo-
cations (42; 43), while the oxide stress relaxation may be associated with diffusion of oxygen
interstitial-like defects in the amorphous oxide to the external surface. Relaxation of metal
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and oxide stress would seem to predominate at low and high voltages, respectively. The stress
relaxations will be discussed in greater detail in a subsequent paper.
3.4 Conclusions
The present article reports in situ stress measurements during growth and open-circuit dis-
solution of anodic oxide films on aluminum in 0.4 M H3PO4 solution. Surface stress of Al sheet
samples due to anodizing was deduced from curvature changes measured using phase-shifting
interferometry. The open circuit stress change was significantly larger than the electrostatic
stress, and occurred over much longer time scales. The anodizing and open circuit stress
changes were not affected by possible artifacts arising from thermal stress, internal stress in
the metal samples, or stress induced by the dissolution reaction. At typical anodizing current
densities (i. e. higher than 3 mAcm−2), oxide growth itself resulted in a compressive stress
increase, while anodizing followed by complete oxide dissolution produced a net tensile stress
change. The latter is due to tensile stress at the metal-oxide interface which is produced during
anodic metal oxidation. Tensile stress generation at open circuit following anodizing has been
noted in earlier work, but attributed incorrectly to electrostatic stress or to open-circuit reac-
tions involving the the oxide. The net compressive stress usually measured during anodizing
thus results from the summation of relatively large compressive and tensile contributions, from
the oxide and metal respectively. The open-circuit stress measurements revealed contributions
from residual stress in the oxide layer, as well as temporal stress relaxations on time scales of
about 1 min. Stress monitoring during open-circuit dissolution was validated as an approach
to measure residual stress distributions in anodic oxide films.
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Abstract
Anodic oxidation of reactive metals such as Al and Ti produces self-organized porous oxide
films. Stress-driven mass transport is considered to play an important role in pore formation and
self-ordering. Using in situ stress monitoring during anodizing and subsequent oxide dissolution,
residual stress distributions were measured in anodic alumina films formed by galvanostatic
anodizing in phosphoric acid. For films anodized to the same potential, the dependences
on current density of the in-plane stress in the oxide and at the metal-oxide interface were
determined. The oxide stress was tensile below 3 mA/cm2 and compressive above this current
density, while the interface stress exhibited the opposite dependence. Stress generation was
shown to correlate with interfacial volume change due to reactions and transport processes:
stress at a given interface was compressive when volume was created, and vice versa. The
interfacial stress changes are determined by the current density - dependent anodizing efficiency
and transport number. The results clarify conditions leading to compressive stress buildup in
the oxide, which may be required for pore formation by flow-assisted mechanisms.
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4.1 Introduction
Porous anodic oxide films are produced by electrochemical oxidation of metals such as alu-
minum and titanium, in solutions that dissolve the oxide. For particular process conditions,
self-organized porous films are produced that contain a high number density of submicron di-
ameter cylindrical arranged on a hexagonal lattice. The high surface area and controllable
geometry of these ordered structures have stimulated many studies exploring their use as func-
tional materials, including applications such as solar cells and batteries (1; 2). The process of
pore formation during anodizing, along with the scaling relations determining the porous oxide
geometry, are not yet completely known (3). The future development and implementation of
porous oxide based devices will be facilitated by improved quantitative understanding of the
pore formation and self-ordering mechanisms.
Anodic oxide growth is governed by the mass transport of metal and oxygen ions within
the film. Appreciable evidence has accumulated that mechanical stress as well as the electric
field are important driving forces for transport (4; 5; 6; 7; 8). For example, imaging of metal
ion tracers by transmission electron microscopy, supported by modeling studies, has shown the
importance of oxide flow during porous anodic oxide growth (6; 7; 9; 10; 11). To elucidate
the role of stress in pore formation and self-ordering, it is important to determine both the
mechanism and location of stress production during anodizing. Several different stress genera-
tion processes have been proposed, including volume increase associated with metal oxidation
at the metal-oxide interface (4; 5; 8), electrostatic stress within the film (6; 11; 12), and ion
transfer reactions at the oxide-solution interface (9; 13; 14). Recently, we developed meth-
ods to characterize stress distributions in anodic alumina by in situ curvature measurements
(15; 16; 36). Briefly, monitoring of the stress change during anodizing was continued during
subsequent open-circuit dissolution of the anodic oxide. The residual stress distribution in the
oxide was determined by numerical differentiation of the measured force per width (i. e. the in-
plane stress integrated through the film thickness) with respect to dissolved thickness. During
galvanostatic anodizing of aluminum in phosphoric acid, separate stress generation processes
were identified at the metal and solution interfaces. At the current density of 5 mA/cm2 used
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in that work, compressive stress accumulated in the oxide near the solution interface, until pore
initiation when the oxide stress was relaxed (36).
The present work attempts to elucidate the mechanisms of stress generation at both the
oxide-solution and metal-oxide interfaces of anodic alumina. We report measurements of stress
distributions in thin anodic alumina films formed in phosphoric acid at various current den-
sities to the same potential of 20 V. At this potential, the film interfaces are nearly flat, as
roughening due to morphological instability is not yet significant, and the resulting simple ox-
ide geometry facilitates interpretation of the stress measurements. Separate contributions from
stress generation at the metal and solution interfaces were resolved, and their dependences on
current density established. Stress generation at both interfaces is shown to be determined by
the volume change due to interfacial reactions.
4.2 Experimental
In situ stress measurements were carried out using phase-shifting curvature interferometry
(17). A detailed description of this method, along with validation and comparisons to tradi-
tional deflectometry measurements during may be found in an earlier paper (15). In the present
measurements, residual stress profiles in anodic oxide films were determined by monitoring of
stress changes during open-circuit dissolution immediately following anodizing. The procedures
involved in the open-circuit dissolution experiments are described in another previous commu-
nication, with evidence supporting the measurement of residual stress profiles in this manner
(16).
The aluminum samples used for stress measurement experiments were rectangular in shape
(2.5 × 3.5 cm) and cut from 1 mm thick hard aluminum sheet of 99.998% purity (Alfa Aesar).
A reflective gold coating was applied to the opposite side of the sample from that used for
anodizing in order to monitor the curvature change. Sample surface were prepared according to
previously described procedures to ensure that the transient voltage response during anodizing
are linear and reproducible (16).
Anodizing was performed at a range of current densities from 2 to 12.5 mAcm−2 in 0.4M
H3PO4 up to 20 V at room temperature, using a two-electrode power supply (Keithley 2400)
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and a platinum wire counter electrode. The applied current density was calculated from the
discolored anodized surface area measured after each experiment. After completion of anodiz-
ing, the current was set to zero to dissolve the anodic oxide in open circuit. During anodizing
and subsequent open circuit dissolution of the grown oxide film, the curvature changes of the
gold-coated surface on the back side of a sample were monitored using the phase-shifting cur-
vature interferometry. Measured curvature changes were used to determine the force per unit
width change in, dF , of the sample using the thin-film Stoney approximation,
dF =
Esh
2
s
6(1− υs)dκ (4.1)
where dκ is the curvature change; hs, Es and υs are the thickness, elastic modulus and
Poissons ratio of the Al sheet. The force per width F represents the biaxial in-plane stress
integrated through the sample thickness, relative to that before anodizing:
F =
∫ ∞
0
σxx dz. (4.2)
where coordinate directions x and z are respectively parallel and perpendicular to the sample
surface, and the z axis extends into the metal.
4.3 Results
Force per width and potential transients measured during initial growth of anodic films are
displayed in Fig. 4.1, for applied current densities ranging from 2 to 12.5 mA/cm2. At these
small anodizing voltages, the oxide thickness is expected to increase uniformly, as instabilities
initiate at somewhat higher potentials.18 The rate of voltage increase in Fig. 4.1 is approxi-
mately proportional to the oxide growth rate, because of the nearly constant electric field in
the anodic film. Estimates of the anodizing efficiency, defined as the fraction of oxidized Al+3
ions contributing to film growth, were obtained from the oxide growth rates and measurements
of the electric field at various current densities,12 assuming that the films consisted of stoichio-
metric Al2O3. The calculated efficiencies increased from 32 % to 52 % over the current density
range from 2 to 12.5 mA/cm2 in Fig. 4.1. This range of values is typical of efficiencies measured
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at similar current densities during anodizing in H3PO4 and other acids (19; 20; 21; 22). Thus,
the growth rates of anodic films during the stress measurements were consistent with reported
values from the anodizing literature.
Figure 4.1 Force per width (solid curves) and potential measured during anodizing to 20 V
at various current densities.
According to Fig. 4.1, the force per width change during to anodizing changed sign from
tensile to compressive as the current density was increased. The stress was tensile below about
3 mA/cm2 and compressive at higher current density. Previous in situ stress measurements
during anodizing of Al thin films in phosphoric and sulfuric acid as well as neutral borate solu-
tion found similar trends with current density, including crossover from tensile to compressive
stress at around 3 mA/cm2 (12; 23). In this article we refer to the force per with change during
anodizing, as depicted in Fig. 4.1, as the “anodizing force”.
At the conclusion of anodizing, the current was set to zero, and stress monitoring continued
while the anodic film dissolved on open circuit in the phosphoric acid bath. The force per
width measured during oxide dissolution is shown in Fig. 4.2 (a) for the anodizing experiments
of Fig. 4.1. The force measurements were carried out until dissolution of the anodic film was
complete, at the times marked on the force transients. The force decreased with time during
dissolution at low current densities where anodizing produced compressive stress, and increased
at higher current densities generating compressive stress. Previously, we showed that the force
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per width change during dissolution can be interpreted in terms of removal of residual stress
in the anodic oxide (16; 36). The term “oxide force” as used here denotes the negative of the
force per width change during dissolution, and represents the residual in-plane stress in the
oxide integrated through its thickness. Thus, the net oxide force was tensile below 3 mA/cm2
and compressive at higher current density.
The dissolution measurements in Fig. 4.2 (a) revealed that nonzero overall force change re-
sulted from anodizing followed by dissolution together. The overall force change is attributable
to stress at the metal-oxide interface, which may be localized in either the metal substrate or
in the thin (∼ 3 nm thick) oxide remaining after open circuit dissolution. The overall force
per width change will be referred to as the “interface force”. According to Fig. 4.2 (a), the
interface force increased with current density, the opposite trend exhibited by the anodizing
force and the oxide force. The interface force was compressive at 2 mA/cm2, nearly zero at 3
mA/cm2, and increasingly tensile at higher current density.
The stress distributions in the oxide layers were calculated from the time dependence of the
open circuit force change, as described previously (16). Briefly, the samples were re-anodized
at constant current density after various dissolution times, in order to determine the time
dependence of the oxide thickness. From the dissolution data, time intervals were identified
corresponding to 1 nm increments of dissolved thickness; the average residual in-plane stress
within each such increment was determined by dividing the corresponding force per width
change by 1 nm. Fig. 4.2 (b) shows the stress distributions obtained in this manner. The
chosen interval thickness of 1 nm was the minimum value for which this numerical differentiation
procedure did not produce significant noise in the stress profiles. At current densities of 2
to 6.5mAcm−2, the stress profiles were approximately uniform within experimental scatter.
However, at the two highest current densities, the profiles exhibited elevated tensile stress of
2 to 6 GPa within about 2 nm of the oxide surface, corresponding to the initial compressive
deflections in Fig. 4.2 (a); the stress become uniform at depths greater than 2 nm. The uniform
stress in the bulk of the oxide decreased from 0.3 GPa at 2mAcm−2 to -1.5 to -2.0 GPa at
12.5mAcm−2.
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Figure 4.2 Results of oxide dissolution experiments. (a) Force per width measured during
open circuit dissolution after anodizing to 20 V at the indicated current densities.
The force per width values are relative to those at prior to anodizing. The vertical
marks on the force traces represent the times at which anodic oxide dissolution
reached completion, as determined by independent re-anodizing experiments. (b)
Calculated stress profiles at various current densities.
The elevated tensile stress near the solution interface is referred to as the “tensile surface
layer”. An investigation of the origin of the tensile surface layer is reported in another arti-
cle (36). We found that the tensile layer is part of a tensile-compressive bilayer formed upon
application of the anodizing current, consisting of near-surface tensile stress and underlying
compressive stress. The bilayer apparently contributes zero net force, as its tensile and com-
pressive components are balanced. We hypothesized that the bilayer is produced by electric
field induced jumping of anions from the surface into the underlying oxide, in order to create
negative space charge required to supply the electric field driving oxide conduction.
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The current density dependence of the anodizing, oxide and interface force components is
compiled in Fig. 4.3 (a). Since the tensile surface layer was accompanied by equal underlying
compressive force, it produced zero net force change, and did not contribute to these compo-
nents. As discussed above, each of the three components changed monotonically with current
density; the oxide and anodizing force become more compressive at higher current density,
while the interface force changes in the opposite direction. Both the oxide and interface force
components are apparently zero near 3 mAcm−2.
6 6
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Figure 4.3 (a). Effect of current density on force components. Force per width measurements
in 1.0 M H2SO4 were reported by Van Overmeere (23). (b) Volume changes
associated with interfacial processes during anodizing in 0.4 M H2SO4.
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4.4 Discussion
The remainder of this article explores the relationship between the oxide and interface force
components and volume changes produced by reactions at the oxide-solution and metal-oxide
interfaces. Interfacial volume changes can be calculated from the measurements of anodizing
efficiency, film composition, and ionic conduction characteristics. Unfortunately, such data are
not presently available for anodic alumina films formed in the phosphoric acid solutions of this
work. However, as mentioned above, the anodizing force measured in various solutions exhibits
similar dependences on current density: tensile below 2 to 4 mAcm−2 and compressive at larger
current density (23). Therefore, we calculated interfacial volume changes during anodizing in
0.4 M H2SO4, for which detailed information on film composition is available (21). Fig. 4.3(a)
shows that indeed, the current density dependence of the force per width change measured
during sulfuric acid anodizing closely resembles that in phosphoric acid.
Anodic films formed in acid solutions contain appreciable quantities of incorporated elec-
trolyte anions. The stoichiometry of the anodizing reaction in sulfuric acid can be represented
as
2(1+x)Al+3H20+3xSO
−2
4 → Al2O3+xAl2(SO4)3+6H++2(1+x)(1−)Al+3+6(1+x)e−
(4.3)
where  is the anodizing efficiency and x is ratio of moles of Al2(SO4)3 to Al2O3 in the
anodic film. The efficiency is the fraction of oxidized metal atoms that do not dissolve into
solution. Zhou et al. reported values of  and x were determined from Rutherford backscattering
spectrometry measurements of oxygen and sulfur content, assuming that the oxygen and sulfur
are present as Al2O3 and Al2(SO4)3 (21). x increased with current density between 0.5 and 50
mAcm−2, ranging from 0.02 to 0.09. The total volume change during anodizing, normalized
with the volume of metal consumed, includes the contributions from oxide and sulfate formation
and metal consumption,
∆Van
∆Vmet
=

2(1 + x)
Ωox
ΩAl
+
x
2(1 + x)
Ωsulf
ΩAl
− 1 (4.4)
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Here Ωsulf and ΩAl are the molar volumes of Al2(SO4)3 and Al2O3, respectively 43 and
11 cm3/mol. Because of the large volume of sulfate, its contribution to the film volume is
significant, ranging from 7 to 19% with increasing current density. The normalized volume
change at the metal-oxide interface is the volume of O−2 ions migrating to the interface per
volume of Al atoms oxidized, less the consumed metal volume,
∆Vmo
∆Vmet
=
tO
2
Ωox
ΩAl
− 1 (4.5)
where ΩAl is the molar volume of Al metal atoms and tO is the oxygen transport number
in the anodic film. The oxygen transport number is the fraction of the current density carried
by oxygen ion migration. The Al+3 ions do not contribute significantly to the volume changes
because of their relatively small size (9).The anodizing volume change includes contributions
from ∆Vmo and the volume change due to reactions at the oxide solution interface, ∆Vos ,
∆Vos
∆Vmet
=
∆Van
∆Vmet
− ∆Vmo
∆Vmet
(4.6)
Note that oxide dissolution does not contribute to the loss of interface volume at low current
density; in fact, oxygen isotope studies have detected no such dissolution at typical anodizing
current densities (18; 24; 25; 26). Instead, the calculations indicate that interface volume is
removed by oxygen migration, consistent with our previous models.
Calculation of the normalized volume changes according to Eqs.4.4 and 4.6 requires knowl-
edge of the oxygen transport number in addition to film composition. The dependence of the
transport number on current density was estimated by interpolating measurements at 6 and
50 mAcm−2 (27). Interpolation used a model for ionic conduction assuming independent high-
field electrical migration of O−2 and Al+3 ions, as established in our prior work (3; 9; 10).
Accordingly, the transport number is
tO =
i◦Oexp(BOE)
i◦Mexp(BME) + i
◦
Oexp(BOE)
(4.7)
where the numerator is the oxygen migration current density and the denominator is the
total current density carried by both Al+3 and O−2 ions.Values of the pre-exponential current
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densities i◦O and i
◦
M and the field coefficients BO and BM were estimated using the measured
tO values and the electric field at 6 and 50mAcm
−2 (12). Once these parameters were se-
lected, Eq.4.7 could be used to calculate tO over the current density range of the composition
measurements.
The current density dependences of the calculated interface volume changes ∆Vmo and ∆Vos
are displayed in Fig.4.3(b). ∆Vmo decreases with current density, such that interfacial volume is
created at current densities below 5 mAcm−2, as oxide formation exceeds metal consumption.
At higher current densities, interface volume decreases since oxide volume is produced faster
than the rate of metal volume consumption (see the schematic in Fig.4.4). Since the formation
rate is determined by the oxygen ion transport number, this trend is explained by the relatively
slow increase of tO with current density. Because the interface remains continuous, interface
volume formation (removal) implies bulk motion of oxide toward (away from) the oxide solution.
∆Vos exhibits the opposite trend to ∆Vmo : oxide is destroyed at the oxide-solution interface
below about 3 mAcm−2, and new oxide is formed at the interface above this current density
(Fig.4.4). ∆Vos increases with current density because the film formation efficiency , which
controls the film formation rate, increases more rapidly than does the transport number tO.
Comparison of Figs.4.4(a) and 4.4(b) reveals parallel trends between the corresponding
interface volume changes and force components. At all current densities, the oxide force and
interface force are compressive and tensile where the oxide-solution and metal-oxide volume
changes are respectively positive and negative. The relationship of interface volume change and
stress can be understood in terms of a model where oxygen ion migration occurs by migration
of oxygen vacancy-type defects produced by metal oxidation to the solution interface (28). At
the crossover current density of 3 mAcm−2, the vacancy flux is just sufficient to accommodate
the volume of incorporated oxygen ions and electrolyte anions, and hence the interface is stress-
free. At higher current densities, the incorporation rate exceeds the vacancy flux. Most of the
excess oxide formation results in film growth at the surface, via oxygen vacancies created at
the solution interface by a Schottky-type reaction. However, some of the deposited species
diffuse into the film, where formation of new oxide generates compressive stress and outward
bulk motion of the oxide. At low current densities, the volume of oxygen vacancies reaching the
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Figure 4.4 Illustration of interface volume changes, stress components and oxide bulk mo-
tion in the low and high current density regimes. The mathematical expressions
represent the rates of volume change contributed by oxygen ion deposition at the
oxide-solution interface, oxygen ion transport through the anodic film, and metal
oxidation; ΩO is the molar volume of oxygen ions and the other symbols are de-
fined in the text. Black squares denote compressive stress and white squares tensile
stress.
surface by migration is greater than that of incorporated oxygen and anion volume. Most of
these vacancies are annihilated at the surface, causing the interface to move toward the metal.
Annihilation of some of the vacancies internally by diffusion produces tensile stress and inward
bulk motion of the oxide.
Similar processes explain compressive and tensile stress generation at the metal interface,
at low and high current densities respectively. The net loss of volume at high current density,
as discussed above, leads to vacancy production. Annihilation of these vacancies results in
tensile stress, along with bulk motion of the oxide toward the metal. These vacancies, along
with the accompanying tensile stress, may be located in either the metal or oxide phase. Suo
et al. suggested that formation of interfacial voids in alloys during high temperature oxidation
can be described by outward diffusion of interface metal atoms to fill vacancies created by
oxide growth (29). At low current density, the overall production of interface volume results in
compressive stress, and outward bulk motion of the overlying oxide layer.
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Our explanations for interfacial stress generation are based on the concept that volume
changes accompanying reactions at an interface directly correlate with the internal volume
expansion or contraction producing stress changes at these interfaces. Thus, when surface
reactions create (destroy) volume at an interface, the chemical potential driving force for in-
terface motion can cause bulk processes to produce volume expansion (contraction) within the
material, and thus compressive (tensile) stress. While the rate of internal volume change is
typically small, the large value of the elastic modulus implies that significant stress can be pro-
duced (30; 31). The present concept of interface stress is consistent with the model for stress
generation during thin film growth introduced by Chason and coworkers (32; 33), According to
their model, when film deposition proceeds at a high rate, the chemical potential driving force
for surface deposition is sufficiently large to allow diffusion of some atoms into the substrate,
where they attach to low-coordination sites at grain boundaries and thereby contribute com-
pressive stress. The present results suggest that a similar mechanism can also explain stresses
at the interfaces of anodic films. The anodic oxide is amorphous with a low density of 3.1
g/cm3 compared to the crystalline alumina density of 4 g/cm3. The significant quantity of
free volume within the anodic film may provide low-coordination sites at which internal oxide
formation or removal could occur.
Finally, we note that the present result do not provide a complete picture of the stress
generating processes, because the interface and oxide force components depend on anodizing
potential (or oxide thickness) as well as on current density. In another article, we reported open-
circuit stress measurements after anodizing to various voltages at the same current density
of 5 mA/cm2 (36). It was found that while the compressive oxide force increased linearly
with potential, the interface force reached a limiting tensile value at around 40 V and then
decreased slowly. In view of Eq. 4.5, one possible explanation for a reduced rate of interface
stress generation may be reduction of the oxide density with time (i. e. increase of oxide molar
volume). The density of anodic aluminum oxide is much lower than that of crystalline alumina
and depends on anodizing current density, suggesting that it may adjust during anodizing
(34; 35).
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4.5 Conclusion
In situ stress measurements were used to determine the through-thickness distributions of
residual in-plane stress in anodic oxide films formed at constant current in phosphoric acid.
The stress distributions were obtained from stress and thickness transients measured during
open-circuit dissolution of the anodic oxide. The stress distributions identified separate stress
generation processes in the oxide and at the metal-oxide interface. For films formed to the same
potential of 20 V, the oxide stress decreased from tensile at low current density to compressive at
high current density, with zero stress at 3 mA/cm2. The interface stress exhibited the opposite
trend, increasing from compressive to tensile with higher current density. For comparison to
the stress measurements, volume changes associated with reactions and transport processes
at both the metal-oxide and oxide solution interfaces were calculated as a function of current
density, using experimental information on film composition, anodizing efficiency and oxygen
ion transport number. The trends of the calculated interface volume changes with current
density were complementary to those of interfacial stress: compressive stress was generated at
either interface when the volume change was positive, and tensile stress was produced when
the volume change was negative. Thus, the current density dependences of interfacial stress
generation are determined by those of the efficiency and transport number. These results
clarify conditions that lead to compressive stress at the oxide-solution interface, which may be
a prerequisite for flow-induced self-organized porous layer formation.
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Abstract Self-organized porous anodic oxide films are produced when reactive metals such
as Al and Ti are electrochemically oxidized in baths that dissolve the oxide. The process of pore
formation and self-ordering is not yet fundamentally understood. The role of oxide stress in the
pore initiation was investigated, during constant current anodizing of Al in phosphoric acid.
Through-thickness profiles of the in-plane stress in the oxide were measured for the first time by
in situ monitoring of stress change during open circuit dissolution following anodizing. During
barrier oxide growth prior to pore formation, compressive stress accumulated to several GPa
within a 3-5 nm thick layer at the oxide surface. Oxide composition measurements revealed
elevated concentrations of incorporated phosphate ions in the same region, suggesting that
stress is generated by field-driven anion incorporation. Pore initiation was marked by relaxation
of the compressive anodizing stress, and simultaneous displacement of oxide from the base to
the walls of incipient pores. The immediate cause of pore formation is apparently bulk motion
of oxide driven by mechanical stress due to electrolyte anion incorporation.
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5.1 Introduction
Self-ordered porous anodic oxide films are formed by electrochemical oxidation of aluminum,
titanium and other metals in solutions in which the oxide is soluble. Films produced under
certain anodizing conditions contain hexagonally ordered arrangements of submicron diameter
cylindrical pores. These materials have been studied extensively as templates for nanostruc-
tured devices including for example dye-sensitized solar cells and battery electrodes (1; 2). The
mechanisms of pore formation are not yet clear, and consequently, the understanding of scaling
relations governing the porous layer geometry is incomplete. While the rate of oxide growth
is determined by ionic conduction under the high electric field of the order 1 V/nm in the
film, there is evidence that stress plays an important role in pore formation and self-ordering
(3; 4; 5; 6; 7; 8; 9). Tracer imaging in transmission electron microscopy, along with accompany-
ing modeling studies, have revealed that oxide flow contributes significantly to mass transport
during Al anodizing (5; 6; 8; 10).The flow originates at the oxide-solution interface at the pore
base, and is directed toward the metal.
Since flow is an important mass transport in anodic films, improved knowledge of flow is
necessary for development of a quantitative understanding of pore formation and self-ordering.
Over the years, there have been many reports of stress generation during anodizing, and various
concerning the origin of the stress have been suggested. These stress-generating processes
include volume increase accompanying conversion of metal to oxide (3; 4; 8), electrostatic
stress (7; 11; 12), and absorption or desorption at the oxide-solution interface (6; 13; 14).
Each of these mechanisms suggests that stress is generated in a different location within the
film: oxidation stress would originate at the metal-oxide interface, while electrostatic stress is
produced within the film and absorption stress at the oxide-solution interface. Mechanisms
based on anion adsorption or incorporation are consistent with the location of stress creation
indicated by our flow simulation (6).
In the past, stress generation during anodizing has been studied by measuring changes of
electrode curvature resulting from stress in the oxide layer. These experiments reveal compres-
sive stress that increases with the anodizing current density (12; 15; 16). However, while very
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small and rapid curvature changes can be tracked using these methods, curvature measure-
ments can only provide information about the stress integrated through the oxide thickness.
Resolution of the various possible stress generating processes requires knowledge of the spatial
stress distribution. Recently, we introduced measurements of residual stress distribution in an-
odic oxides by using curvature measurements for monitoring stress changes during dissolution
immediately following anodizing (17).
5.2 Experimental
In-situ stress measurements were carried out using phase-shifting curvature interferometry
(18). A detailed description of this method, along with validation and comparisons to tra-
ditional deflectometry measurements may be found in an earlier paper (16). In the present
measurements, residual stress profiles in anodic oxide films were determined by monitoring of
stress changes during open-circuit dissolution immediately following anodizing. The procedures
involved in the open-circuit dissolution experiments are described in another previous commu-
nication, with evidence supporting the measurement of residual stress profiles in this manner
(17).
The aluminum samples used for stress measurement experiments were rectangular in shape
(2.5 x 3.5 cm) and cut from 1 mm thick hard aluminum sheet of 99.998% purity (Alfa Aesar).
A reflective gold coating was applied to the opposite side of the sample from that used for
anodizing in order to monitor the curvature change. Sample surfaces were prepared according to
previously described procedures to ensure that the transient voltage response during anodizing
are linear and reproducible (17).
Anodizing was performed in 0.4 M H3PO4 at 5mA/cm
2 up to different V at room tempera-
ture, using a two-electrode power supply (Keithley 2400) and a platinum wire counter electrode.
The applied current density was calculated from the discolored anodized surface area measured
after each experiment. After completion of anodizing, the current was set to zero to dissolve
the anodic oxide in open circuit. During anodizing and subsequent open circuit dissolution of
the grown oxide film, the curvature changes of the gold-coated surface on the back side of a
sample were monitored using the phase-shifting curvature interferometry. Measured curvature
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changes were used to determine the force per unit width change, dF , of the sample using the
thin-film Stoney approximation,
dF =
Esh
2
s
6(1− υs)dκ (5.1)
where dκ is the curvature change; hs, Es and υs are the thickness, elastic modulus and
Poissons ratio of the Al sheet. The force per width, F, represents the biaxial in-plane stress
integrated through the sample thickness, relative to that before anodizing:
F =
∫ ∞
0
σxx dz. (5.2)
where coordinate directions x and z are respectively parallel and perpendicular to the sample
surface, and the z axis extends into the metal.
5.3 Results and Discussion
5.3.1 Evolution of stress profiles in the anodic oxide
Figure 5.1 exhibits a typical force per width transient measured in this work, including
barrier oxide growth at constant current density and subsequent dissolution of the anodic film.
In this experiment, the oxide was formed to 96 V, close to the upper limit of barrier oxide
growth at the current density of 5mA/cm2.As the potential approaches the maximum at 110
V (see inset), the barrier oxide begins to transform into the porous anodic film. Since the
electric field in the oxide is nearly constant at ∼1 V/nm, the growth rate of the barrier oxide
thickness is approximately constant up to the peak potential. The relaxation of potential from
the maximum to the steady state value reflects a decrease of barrier oxide thickness during pore
formation. Once pores are established, the potential settles to a steady value, indicating that
the barrier oxide thickness at the pore base remain constant while oxide accumulates in the
pore walls (19). Pore formation at the peak potential is preceded by an small-scale instability
of the barrier oxide at low voltage. Cross-sectional transmission electron microscope (TEM)
images reveal that the interfaces of the barrier oxide remains flat up to about 20 V, at which
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an instability at the oxide-solution interface produces ripples a few nm in height; these ripples
continue to grow while the voltage and barrier oxide thickness increase (20).
Figure 5.1 Force per width during growth and dissolution of the barrier oxide formed by
anodizing at 5mA/cm2 to 95 V. The main panel shows force (solid line) and po-
tential (dashed line) during anodizing are on the left side; the right side displays
force measured during open circuit oxide dissolution on an expanded time scale.
The inset shows the potential during anodizing at 5mA/cm2 for 12 min. Pores
initiate at times near the peak potential.
At the current density of 5mA/cm2 used in this work, anodizing produces compressive
force which increases with time in the barrier oxide regime. The force per width change during
anodizing itself will be denoted the “anodizing force”. As shown in Fig. 5.1, the rate of force
per width change increases at about 10 s (15 - 20 V) and then becomes nearly constant up to
80 s, (85 V) where it decreases again. When the anodizing current was set to zero, the force
increased abruptly in the tensile direction by 8 N/m in 3 min, thereafter, increased much more
slowly for about 5 hr while the anodic oxide completely dissolved. As described in a previous
article, the progress of oxide dissolution was followed with re-anodizing experiments, in which
the current was reapplied after various dissolution times, and the remaining oxide thickness
inferred from the measured potential (17). We showed that the force per width change during
open circuit dissolution is primarily due to removal of residual stress in the anodic oxide.
Hence, the negative of the total force per width change during dissolution is denoted the “oxide
force”.The oxide force represents the compressive oxide stress integrated through the anodic
film thickness.
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Figure 5.1 illustrates that the overall force per width change due to anodizing and complete
oxide dissolution was nonzero. At the current density of 5mA/cm2, the overall force change
was tensile. Previously, we showed that the overall force change depends on the anodizing
current density, indicating that the overall force change is due to stress introduced by anodizing
(17). This stress could be located either in the Al substrate, or in the residual 3 nm thick
oxide remaining after dissolution. For convenience, we will refer to the overall force per width
change as the interface force. Additional open-circuit force transients may be found in the
Supplementary Information (Fig. 5.9).
Oxide stress profiles were compiled from the measurements of force and thickness change
during dissolution. Time intervals were identified corresponding to dissolution of 1 nm incre-
ments of oxide thickness, and the force per width change during each such interval was divided
by 1 nm to obtain the average stress within the thickness increment (17). Figure 5.2 presents
stress profiles derived from the open circuit force measurements. In Fig. 5.2 (a) all the mea-
sured profiles are shown up to depths of 30 nm. Larger depths are not displayed, because at
all potentials the stress was close to zero at such depths. The magnitude of the stress was as
large as 4 GPa within 5 nm of the oxide surface, and much smaller at greater depths. The
stress in this near-surface layer was tensile at small oxide thickness, but became increasingly
compressive with increasing voltage. Figure 5.2 (b) shows the stress profiles up to 40 V, with
a smaller stress scale that highlights the “interior stress” found at depths greater than about
5 nm. The interior stress was compressive and between zero and -0.5 GPa. In the 10 and
20 V profiles compressive stress was dispersed throughout the film thickness. For the 30 and
40 V profiles, the compressive region extended to about 25 nm, with stress-free oxide found
at greater depths. The interior oxide stress diminished in magnitude as the voltage increased
above 40 V. At 60 to 95 V, nearly all the compressive oxide stress was located within a distance
of about 5 nm from the oxide surface. This concentration of stress supports the interpretation
of the rapid initial open circuit force change as removal of residual oxide stress; previously,
we had speculated that the initial transient could be due to transient diffusion of stress from
greater depths (17).
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Figure 5.2 (a). Effect of anodizing voltage on calculated stress profiles. (b) Low potential
range with smaller stress scale. (c) High potential range with smaller depth scale.
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5.3.2 Tensile surface layer
As noted above, tensile stress near the oxide surface was always found at small thickness,
but the near-surface stress became compressive as the voltage increased. The reasons for this
non-monotonic behavior are considered in this section. The magnitude of the surface tensile
stress increased at higher current densities than 5mA/cm2, and evidence of the tensile layer
persisted at larger oxide thickness (Supplementary Information, Fig. 5.10). The prominence
of the tensile surface layer at small thickness and its current density dependence both indicate
that this feature is produced at the initial application of anodizing current. The gradual
disappearance of the tensile layer at higher voltage suggests that it was masked by near-surface
compressive stress introduced by anodizing.
The mechanism responsible for the tensile surface layer was investigated with stress mea-
surements after pulses of anodizing current. These experiments employed anodic oxides formed
to 83 V. The stress profiles in Fig.5.2 show that compressive stress in an 83 V oxide is com-
pletely removed open circuit dissolution after 5 min. In the experiment of Fig.5.3, the Al was
first anodized to 83 V, after which the oxide was dissolved for 400 s to remove the compressive
layer, thus producing a nearly stress-free anodic film. A 2.7 s pulse of anodizing current was
then applied, followed by another 400 s dissolution period and then two additional cycles of
current pulses and open circuit periods. The Figure shows the open circuit force change after
each of the three current pulses. Since the force approached zero at the end of each transient,
the transients fully capture the removal of stress introduced during the preceding current pulse.
Each open circuit force transient in Fig.5.3 comprises an initial compressive shift followed by
tensile recovery, with an overall force change of nearly zero.
Following the interpretation of the open circuit force transients as removal of residual oxide
stress, Fig.5.3 indicates that the current pulse generated a tensile-compressive stress bilayer.
The bilayer consisted of near-surface tensile stress and an underlying compressive layer, with
zero net force contributed by both layers together. The shape of the force transient is similar
to that of the open circuit force measured after anodizing to low voltages of 10 and 20 V
(see Supplemental Information Fig.5.9). Thus, it seems that tensile-compressive bilayers are
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Figure 5.3 Open circuit force evolution after pulses of anodizing current. After first anodizing
to 83 V at 5 mA/cm2, the oxide was dissolved for 400 s at open circuit, and then a
2.7 s pulse of anodizing current was applied. Two additional cycles were performed
each consisting of the dissolution and final anodizing steps.
generally produced by the initial application of anodizing current, in either current pulse or
sustained anodizing experiments. As these stress bilayers contain zero net force, they do not
introduce initial transients in the measured anodizing force (Fig.5.1). The events forming these
bilayers likely involved transfer of volume from the oxide surface to the subsurface region,
generating tensile and compressive strains of the equal magnitude in both layers. Since this
volume transfer is stimulated by application of anodic current and increases with the current
level, it may involve field-induced jumps of either oxygen ions or incorporated phosphate ions.
From an electrostatic point of view, such a process would create negative space charge in the
near-surface region, as solution-phase adsorption processes would rapidly equilibrate the surface
charge. De Witt and Thornton pointed out that a negative space charge layer may be necessary
to generate the electric field in the oxide required to pass the applied current density. Direct
evidence of negative near-surface space charge in anodic films was found through electrostatic
force microscopy.
5.3.3 Components of the anodizing stress
The stress measurements during anodic oxide dissolution provide detailed information about
stress changes in the barrier oxide preceding pore formation. The oxide force and interface force
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at various anodizing potentials are compiled in Fig.5.4 (a). For comparison, the anodizing force
from Fig.5.1 is shown plotted against potential. The oxide force steadily increases in magnitude
during barrier film growth. The interface force increases to a maximum of about 2.5 N/m at
30 to 40 V, and at higher voltage seems to decrease to around 1.5 N/m. Above 30 V, the
anodizing force increases parallel to the oxide force, but offset in the tensile direction due to
the interface force.
The oxide force can be subdivided into separate near-surface and interior components. We
denote the near-surface portion of the oxide force as Fox(s) , defined as the portion of the oxide
force removed during the initial 3 min of the open circuit dissolution period (corresponding
to a depth of about 5 nm). Fox(s) includes only the tensile part of the tensile-compressive
surface bilayer. In Fig. 4 (b), Fox(s) is plotted against the anodizing force Fan, with each
being measured in the same experiment, for anodizing voltages from 10 to 95 V. The Figure
demonstrates a linear correlation between Fox(s) and Fan with a slope of 1.2 and intercept 2.0
N/m. The linearity of the correlation did not depend on the particular dissolution time selected,
as linear correlations with slopes near one were also found for dissolution times between 2 and
4 min. The slope in Fig. 5.4 (b) close to unity indicates that the 5 nm surface layer contains
the large majority of the compressive stress introduced into the oxide during anodizing: the
contribution of the interior oxide stress is relatively minor and limited to potentials less than
40 V. Also, the intercept of 2.0 N/m is close to the force per width in the tensile surface
layer at 10 V (see Supplemental Information Fig. 5.9). This implies that the tensile layer was
present at all potentials; evidently, at anodizing potentials higher than 10 V, the tensile layer
was masked by the near-surface compressive stress introduced by anodizing. We conclude from
Fig. 5.4 (b) that the near-surface oxide stress is comprised of two additive components: (i) a
tensile-compressive bilayer in which the stress magnitude is independent of voltage; and (ii) a
compressive component equivalent to the anodizing force that increases steadily during oxide
growth.
The relative magnitudes of the various stress changes during anodizing are summarized
in Fig. 5.5. The force measured during anodizing appears as compressive stress in the near-
surface region of the oxide, and decreases from zero to -8 N/m during barrier layer growth.
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Figure 5.4 Components of the force per width change during anodizing at a constant current
density of 5mA/cm2 to various voltages. (a) Effect of anodizing voltage on force
components. (b) Effect of force per width change during anodizing (∆FAnod ) on
force per width change during initial 3 min of subsequent open circuit dissolution
(∆FOC ). Slope = -1.22, intercept = -2.0 N/m
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In addition, the tensile-compressive stress bilayer at the solution interface contributes zero
net force, as its compressive and tensile components cancel. The force in each sublayer is
approximately 2 N/m and does not change during barrier oxide growth. The tensile metal
interface force increases from zero to about 2.5 N/m at 30 V, and seems to decrease at higher
potentials. The compressive interior oxide force distributed through the barrier oxide increases
up to about -2.0 N/m at 40 V and then decreases to small values at higher potentials. Of
the three components of the stress distribution, only the near-surface oxide stress increased
significantly during barrier layer growth, suggesting that it may play a role in pore initiation.
The constant rate of compressive stress increase in this layer, with no apparent relaxation,
indicates that the oxide behaved elastically at these times, in contrast to viscous flow observed
during later steady-state porous layer growth (5; 6). The electrochemical processes contributing
to oxide and interface stress are discussed in greater detail in another article.
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Figure 5.5 Model for stress distributions during anodizing, according to interpretation of force
measurements.
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5.3.4 Relationship of stress and oxide contamination
Porous anodic oxide films typically contain significant concentrations of incorporated elec-
trolyte anions (1; 2; 19). Since the pore spacing and diameter of porous alumina depend
significantly on the nature of the incorporated anion, these anions may play a role in the pore
formation mechanism (3; 21). Thus, the present hypothesis that pore formation is affected
strongly by stress would suggest a relationship between the oxide composition and stress pro-
files.
The depth dependences of the phosphate concentration in anodic barrier films, obtained
using three different analytical methods, are displayed in Fig. 5.6. Fig. 5.6 (a) shows Glow
Discharge Optical Emission Spectroscopy (GDOES) elemental depth profiles of the phosphorus
and aluminum in the oxide and underlying metal, for anodizing voltages up to 40 V. The use
of these relatively low potentials minimized depth dispersion of the ion concentrations due to
the oxide surface roughness. Distinct plateaus in the Al profile correspond to Al in the metal
substrate and anodic oxide; the metal-oxide interface can be located at the sputtering time when
the Al intensity was the average of the metal and oxide values. Using a thickness-voltage ratio
of 1.1 nm/V to obtain the oxide thickness for phosphoric acid anodizing, the sputtering rate is
estimated to be consistently 18 nm/s. The phosphorus profiles exhibit elevated concentrations
at small depths less than about 3-5 nm, and at greater depths shoulders at lower intensities of
0.4 to 0.6. The shoulders extend to thicknesses which increase with anodizing voltage, due to
migration of phosphate ions under the electric field.
Near-surface enrichment of incorporated phosphate ions was also found by Takahashi et al.,
in anodic films formed in phosphate solution at pH 7.0 (Fig. 5.6 (b)) (22). They reported closely
comparable phosphorus profiles measured by two techniques: X-ray Photoelectron Spectroscopy
and solution analytical measurements after controlled oxide dissolution. In their measurements,
the shoulders in the GDOES profiles appeared as plateaus to depths of 50 nm. Their profiles
also revealed near-surface layers of about 4 nm thickness, in which the phosphate concentration
was enhanced by 3-5 times relative to the plateau. Significantly, the thickness of the enriched
phosphate layer in both Figs. 5.6 (a) and (b) are nearly the same as that of the compressive
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Figure 5.6 Oxide composition for comparison to stress profiles. (a) GDOES depth profiles of
aluminum and phosphorus in the anodic film. (b) Prior measurements of the oxide
composition by XPS and solution analysis after open circuit dissolution. Anodizing
in 0.033 M NH4H2PO4 - 0.067 M (NH4)2HPO4 solution (pH 7.0) (22).
surface layer revealed by the stress profiles. Thus, near-surface anion incorporation may be
directly involved in the generation of near-surface compressive stress. An important role for
anions in the stress generation process would be consistent with hypothesized stress-based
pattern formation mechanisms.
Comparison of the GDOES results and stress profiles further suggests correspondence be-
tween the interior oxide stress layer, and the broad shoulders in the phosphate profiles associated
with electrical migration. The shoulders in the phosphate profiles extend to depths of 6, 13,
21 and 27 nm at 10, 20, 30 and 40 V respectively. At the same potentials, the compressive
thicknesses layers in Fig. 5.2 (b) are roughly 8, 18, 24 and 26 nm (based on stress values of -70
MPa). The similarity of the stress and phosphate layer thicknesses suggests that the generation
mechanism of the interior oxide stress at potentials less than 40 V may involve migration of
the incorporated anion.
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5.3.5 Comparison of stress and oxide morphology evolution
The role of stress in pore initiation was evaluated by comparing the development of the
stress profiles with oxide morphology during the early stages of pore formation. Figure 5.7 (a)
displays scanning electron microscope images of the oxide-coated Al surface at potentials from
10 to 60 V. The 10 V image exhibits no evidence of surface roughening, while at 20 V the
small-scale instability of the solution interface is apparent. The roughness features continue
to grow in the images at 30 and 60 V. The onset of the small-scale morphological instability
at 10-20 V coincides with the increased slope of the anodizing force transient in Fig.5.1. Van
Overmeere et al. also found a distinct increase of the slope of the anodizing force at the time
of the instability, during Al anodizing in 1.0 M H2SO4 (23).
The contrast patterns in the SEM images associated with the emerging roughness were
quantitatively characterized by image analysis. Fast Fourier Transforms of the images yielded
the radial power spectral density plots in Fig. 5.7 (b). The shoulders in the power spectra
at 20, 30 and 60 V (marked with vertical lines) correspond to the characteristic wavelength of
the surface roughness patterns produced by the instability. As shown in the inset graph, this
wavelength remained at values of 20 to 25 nm through the range of barrier oxide growth from
20 to 95 V. The consistency of the wavelength range indicates that after the initial small-scale
instability, the oxide topography restabilized to a consistent pattern with a well-defined length
scale. The existence of this pattern has not previously been noted, as high-magnification cross-
sectional electron microscopy images suggest an apparently irregular morphology (20). We
speculate that the restabilized oxide-solution interface may be necessary to allow buildup of
compressive stress within the near-surface layer. Stress accumulation would not be possible if
the oxide “lattice” were simultaneously being destroyed by migration or dissolution.
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Figure 5.7 Morphology evolution during barrier oxide growth at 5mA/cm2. (a). Top view
FE-SEM images at various anodizing potentials. (b) Power spectra from FFT of
image contrast in (a). Vertical marks on spectra denote estimates of the charac-
teristic wavelength of the roughness patterns. The inset shows the dependence of
this wavelength on anodizing potential.
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When the maximum of the potential transient was approached, dramatic changes in both
the surface morphology and stress evolution became evident. Figure 5.8 compares the potential,
anodizing force and oxide topography at these times, along with force transients during open
circuit dissolution. At the peak potential, the force per width passed through a compressive
maximum and then relaxed to a constant value, while over the same range of times the potential
decreased to a plateau (Fig. 5.8 (a)). Similar behavior was found at 5 and 6.5 mA/cm2, with the
magnitude of the force relaxation larger at the higher current density. As mentioned earlier, the
potential relaxation is accompanied by formation of the large pores that comprise the steady-
state porous anodic oxide (20). Consistent with the potential relaxation after the peak, the
barrier oxide thickness at the base of these pores is smaller than that of the barrier oxide at the
potential maximum. Since no oxide dissolution occurs at these times, the thickness decrease
is accomplished by displacement of oxide from the base toward the wall of each steady-state
pore (10). Therefore, the force relaxation at the peak potential in Fig. 5.8 (a) correlates with
the onset of bulk oxide motion. The surface topography at the potential maximum, shown
in Fig. 5.8(b), reveals the appearance of approximately 1 µm scale undulations of the oxide
surface topography which superimpose on the 20 - 25 nm scale roughness texture generated
by the instability at 20 - 30 V (Fig. 5.8 (a)). The larger roughness length scale suggests the
appearance of a morphological instability distinct from the small-scale instability shown in Fig.
5.7. Pore initiation by sequential small and large scale instabilities was previously suggested
by Oh and Thompson (8).
Figure 5.8 (c) exhibits measurements of force per width during open circuit oxide dissolu-
tion, at times about 10 min after the potential maxima in Fig. 5.8(a). As in Fig. 5.1, the
abrupt initial force increase reveals a surface-adjacent compressive layer 2-5 nm thick, with a
comparable stress level of 1-10 GPa as that prior to pore formation (Fig. 5.2 (a)). At greater
depths than 5 nm, the open circuit force decreased with dissolution time, indicating the pres-
ence of a tensile region at 10-100 MPa extending to depths of at least 100 nm. In contrast,
the stress in the bulk oxide is approximately zero at times before the potential maximum (Fig.
5.2 (a)). The anodizing force relaxation at the potential peak is thus accompanied by qualita-
tive changes in the oxide stress distribution. The near-surface compressive layer noted during
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Figure 5.8 Oxide stress and morphology at times near the potential maximum. (a) Force per
width (solid lines) and potential (dashed lines) measured during anodizing. (b)
SEM showing surface topography of anodic oxide formed at 5mA/cm2 to 90 V.
(c) Force per width measured during open circuit dissolution of the films in (a).
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barrier oxide growth is still present, and may occupy the bases of pores where the ionic cur-
rent concentrates. The compressive layer at the pore bottoms would be consistent with the
stress distribution predicted by the simulation of coupled migration and viscous flow during
steady-state porous oxide growth.6 Bulk motion of oxide from the base of steady-state pores
toward the pore walls seems to be accompanied by a change in the bulk oxide stress from zero
to tensile. The stress distribution measurements suggest that this oxide motion is triggered by
the buildup of compressive elastic stress in the near-surface layer, during the stage of barrier
oxide growth prior to the potential maximum. The present results show that the direct cause
of pore initiation is mechanical in nature.
5.4 Conclusions
In-situ stress measurements were carried out during growth and dissolution of anodic oxide
layers on aluminum in order to reveal critical changes in the oxide stress distribution prior to
initiation of pores in self-organized porous anodic alumina. Stress profiles after anodizing at
constant current density in phosphoric acid revealed buildup of compressive stress in the oxide
to levels of 4 GPa within a 3-5 nm thick layer adjoining the oxide-solution interface. While com-
pressive stress generation during anodizing has been shown in earlier work, it was not previously
known that a high proportion of the oxide stress is concentrated in a nanoscale near-surface
layer. The location and thickness of the compressive surface layer correspond to predictions of
the oxide stress distribution needed to drive viscous flow of oxide, as revealed by tracer stud-
ies. The surface compressive stress also appears to coincide with enhanced concentrations of
incorporated phosphate anions close to the solution interface, according to oxide composition
profiles measured in this work by GDOES, and reported earlier by XPS and solution composi-
tion analysis during dissolution (22). Thus, near-surface compressive stress may be produced
by electric field induced anion incorporation. The dissolution experiments revealed additional
stress components which, did not increase significantly during barrier oxide growth: a tensile-
compressive surface bilayer formed upon initial application of anodizing current; tensile stress
at the metal-oxide interface, and interior compressive stress in the oxide.
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During the initial formation of pores, the buildup of compressive oxide stress ceases. The
stress measured during anodizing decreased to a steady state value, in parallel with the simul-
taneous relaxation of the anodizing potential. The stress and potential relaxations accompany
displacement of oxide from the base to the walls of incipient pores. Thus, pore initiation oc-
curs by large scale bulk motion of oxide accompanied by a compressive stress relaxation. The
driving force for this displacement is apparently stress associated with anion incorporation.
5.5 Supplementary
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Figure 5.9 Force per width measured during open circuit dissolution after anodizing at
5mA/cm2 to the indicated potentials. (a) Low potential range. (b) High po-
tential range. The force per width values are relative to those at prior to anodiz-
ing. The vertical marks on the force traces represent the times at which anodic
oxide dissolution reached completion, as determined by independent re-anodizing
experiments.
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Figure 5.10 Stress measurements after anodizing to 65 V at 5mA/cm2. For the solid black
line, open circuit initiated at time zero, and then constant potential of 65 V
was applied after 40 s. For the dashed line, open circuit was maintained after
time zero. Anodic oxide growth occurred at low current density (red line) at
constant potential, while the force increased slowly in the compressive direction.
In contrast, rapidly increasing tensile force was measured at open circuit. Thus,
the rapid tensile force change at open circuit, as depicted in Figs. 5.2 and 5.3,
is suppressed when a potential is applied to prevent oxide dissolution. This is
additional evidence that the open circuit tensile shift is induced by dissolution,
and is therefore caused by removal of residual oxide stress.
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Abstract
Unusual anodizing behavior resulted from immersion of aluminum samples in phosphoric
acid baths for extended periods prior to anodizing. The effects of immersion on the initial con-
dition of the native oxide film and on stress generation during anodizing were investigated by
in-situ stress measurements during anodizing and subsequent open circuit dissolution. Scanning
electron microscopy suggested irregular porous oxide structures near the edge of the sample.
The immersion treatment led to reduced times and voltages at the initiation of pore formation,
which was accompanied by large increases in tensile stress. Stress distribution measurements
for thin barrier oxide layers indicated that the magnitude of the compressive stress near the
solution interface increased with immersion time. Other measurements focused on changes in
the native oxide-covered samples during the immersion treatment. XPS measurements revealed
accumulation of adsorbed phosphate ions on the native oxide surface during the same range
of immersion times leading to significant changes in anodic oxide stress profiles. Also, stress
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and open circuit potential measurements during immersion revealed partial oxide dissolution
accompanied by compressive stress generation during the initial 4 min of the immersion period
followed by tensile stress generation thereafter. Stress generation at open circuit may involve
anion absorption in the oxide, hydrogen absorption in the metal and metal dissolution. We sug-
gest that immersion may increase non-uniformity of the current distribution during anodizing
and lead to locally high rates of stress generation.
6.1 Introduction
Porous anodic aluminum oxide films are formed by electrochemical oxidation of aluminum
in a solution where the oxide film is moderately soluble. These films contain self-ordered, well-
organized hexagonal arrays of pores and by adjusting process variables such as voltage and
type of electrode; the PAO films have tunable geometry. Due to the features of PAO, attention
has been focused on their use as a template in many areas such as solar energy conversion,
optical devices (e.g. photonic crystals), polymer and metallic nanorods (1; 2; 3; 4; 5). While
morphological development of anodic oxide growth is well characterized with microstructural
characterization techniques, there is no mechanism yet to explain the growth of pores.
Recent publications on the mechanism of anodic oxidation draw attention to stress induced
pore formation (6; 7; 8; 9; 10). Monitoring the position of imbedded tungsten tracer in Al film
during the film formation provided a detailed picture of flow in the oxide (6; 7; 8). Hebert and
HouserHouser09 presented a stress driven material flow model based on the continuum theory,
and their model suggested elevated compressive stress in the pore bottom during pore growth.
In-situ stress measurements could reveal the role of stress on the pore formation mechanism.
Pore initiation was found to be associated with an instability triggered by critical surface stress
buildup near the solution interface (11). Comparison of stress profiles with composition of the
oxide films reveals relationship between elevated stress near the solution interface and anion-
contaminated outer region of the film. Furthermore, in-situ stress measurement indicates that
stress also generates in the metal during the anodizing (11; 12).
In the literature, generally role of some experimental parameters, such as applied voltage,
solution bath and current density, on the generation of stress was investigated (13; 14; 15). It
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was well known that those parameters affect the morphology and structure of the porous oxide
films (16; 17; 18). However, initial condition of native oxide film has not taken enough attention.
The environment of the native oxide film prior to anodizing could effect its composition (19;
20). Changes in the native oxide film, including composition and thickness,could affect stress
generation during anodizing, and eventually the morphological and structural changes in the
porous oxide film.
The objective of the current paper is to address the question whether, for the initial con-
dition of the native oxide has any effect on stress generation mechanism during anodizing.
Pretreatment effects on evolution of stress in the oxide will be analyzed by in-situ stress mea-
surements during the anodizing and subsequent open circuit dissolution in selected experimental
conditions.
6.2 Experimental
One mm thick Al sheet samples with 99.998% purity (Alfa Aeser) were used for anodiz-
ing.Sample preparation method is fully described in a previous paper (13). Anodizing was
performed galvanostatically in 0.4 M H3PO4 at room temperature at selected current density.
Current source was two-electrode power supply (Keithley 2400) and platinum wire was used
as counter electrode. In some experiments, anodizing was applied after selected time period
of aluminum solution contact. Phase-shifting curvature interferometry method was applied to
monitor in-situ stress change during anodizing and dissolution periods. Detail of the curvature
interferometry and its application to anodizing are also discussed in the previous paper (21).
X-ray induced photoelectron spectroscopy (XPS) was performed with a K-alpha instrument
(Thermo Scientific). The binding energy scale of the instrument was calibrated with sputter-
cleaned Cu and Au. The transmission function of the analyzer is approximated by a cubic
relationship between the logarithm of peak intensity, normalized by sensitivity and pass energy,
and the logarithm of the retarding ratio. The pressure in the XPS chamber was always lower
than 8× 10−8 Pa.
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6.3 Results
6.3.1 Evolution of the anodic force and voltage for extended anodizing time
Figure 6.1 (a) exhibits the evolution of force per width during anodizing and subsequent
dissolution of anodic oxide film, plotted with voltage transient during film formation. In this
experiment, the anodic oxide film was formed in 0.4 M H3PO4 at 5 mA/cm
2 and anodizing
was applied after 5 min of immersion time. Initial increase of compressive force was followed by
the generation of tensile force until 40 N/m at extended anodizing period. During the initial
20 min of dissolution period, force per width decreased from 40 N/m to relatively constant
value, 35 N/m, and then there was no significant change on the force value for the rest of the
dissolution of oxide.
A!
B!
Figure 6.1 A) Force per width during growth and dissolution of the porous oxide formed by
anodizing at 5 mA/cm2. Anodizing was applied after 5 min of immersion period.
B) Force and voltage evolution during the anodizing of aluminum at 5 mA/cm2 in
0.4 M H3PO4 after different texp. Force values were plotted with respect to zero
stress before anodizing..
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Figure 6.1 (b) shows the force per width and voltage transients during formation of anodic
oxide films in 0.4 M H3PO4 at 5 mA/cm
2 for extended anodizing time. The anodizing voltage
was applied after a different immersion time, which is represented in the Figure for each sample.
We define the immersion time of sample with solution before anodizing as texp. For the zero
texp case, force per width increased in the compressive direction until maximum compressive
stress, and then the direction of force change became tensile. The force per width reached a
constant tensile value when voltage became constant at extended anodizing period. Evolution
of both force per width and voltage represents the expected normal behavior, compared with
the previous results (12). During initial barrier oxide film formation period, force per width
represented similar evolution trends for all texp. Also, for all cases, the force at the potential
peak was found to be similar, which is ∼ 10 N/m . However, after the potential peak, force
per width showed abnormal behavior with the increase of texp. Furthermore, maximum voltage
value decreased from 110V to 80V as texp increased from zero to 30 min
6.3.2 Stress distribution in the barrier anodic oxide film
Influence of initial condition of the native oxide on anodizing was investigated by monitoring
force change during anodizing and subsequent dissolution for the oxide films that formed after
different immersion time. Aluminum samples were anodized at 5 mA/cm2 (±0.4) up to 20V
after different immersion time. Initial voltages recorded at the onset of the anodizing are related
with the thickness of the native oxide. Initial voltages were found as 3.6 and 1.6 when texp is
equal to zero and 30 min, respectively. Electric field in the oxide film is approximately constant
and it corresponds to a ratio of thickness to voltage, 1.1 nm/V. Using this ratio, calculated
thickness of the native oxide reduced from 4 nm to 1.7 nm as film was exposed to solution bath
until 30 min. The anodizing efficiency is calculated as 45 %, which is comparable with other
measurements. The rate of force increase during barrier layer growth at a given current density
also compared favorably to our ealier measurments.
Force per width change during open circuit dissolution is displayed in Fig.6.2(a) for the
anodic oxide films formed after different texp. The plotted force is relative to the value before
anodizing. The negative value of each curve at zero dissolution time indicates the force gen-
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erated during anodizing. For zero texp, the force per width at first evolved into compressive
direction for 30 s, then increased into tensile direction during the complete dissolution of oxide
film. However, as texp increases, initial force change evolves more rapidly into tensile direction.
For all cases, force per width reaches an approximately constant value; 2 N/m, when anodic
barrier film was completely dissolved.
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Figure 6.2 Barrier oxide films were anodized at 5 mA/cm2 until 20 V in 0.4 M H3PO4.
Note that anodizing was performed after different immersion time and time values
are indicated on the figure. A) Open circuit force evolution during open circuit
dissolution in 0.4 M H3PO4 B) The calculated stress profiles through the depth of
the oxide film
It was shown that removal of residual stress controls the force change during dissolution
period. A method to calculate the stress distribution in the oxide film was presented in our
previous paper (11; 12; 13). Fig.6.2(b) represents stress distributions, calculated from the force
evolution result in Fig.6.2(a). The calculated stress profiles indicate the strong stress gradient
near the solution interface. The stress in this layer was tensile at shorter texp, but became
more compressive with the increase of texp. The maximum tensile and compressive stresses
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in magnitude were found as 0.5 and -2 GPa. Interior stress is defined as the stress found at
depths greater than about 5 nm. The interior stress was compressive for all cases and it was
distributed throughout the film depth.
6.3.3 Pre-anodizing condition of the native oxide
Aluminum oxide is a moderately soluble material in the acidic environment, therefore dis-
solution of the surface oxide film should occur immediately upon immersion in phosphoric
acid solution. Fig.6.3(a) demonstrates the force transient plotted alongside the open-circuit
potential measured during the open circuit dissolution of aluminum in acidic solution prior
to anodizing. At first, the force shifted in the compressive direction during dissolution after
immersion, and then increased rapidly until the maximum compressive value, -6.8 Nm−1 at
2 minutes. Meanwhile, potential decreased rapidly upon the immersion, and then abruptly
slowed as a stable potential of -1.7 V was approached. When the stable potential is reached,
direction of the force turns into tensile from compressive, and then increases slowly until overall
force change of nearly zero.
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Figure 6.3 A) Potential and force per width measurement during immersion of aluminum in
0.4M H3PO4 before anodizing. B) Evolution of the amount of adsorbed P per unit
area as a function of immersion time in phosphoric acid.
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A surface-sensitive spectroscopic technique, XPS, was applied to analyze changes in the
surface chemistry of the native oxide film with respect to immersion time in phosphoric acid
bath. Fig.6.3(b) exhibits the XPS measurements regarding to adsorption of phosphate on the
surface of the native oxide during the immersion period. Amount of phosphate increases sharply
within the first 5 min of immersion time and it coincides with the initial large compressive force
builds up, as shown in Fig.6.3(a) . Adsorption rate reduces after 5 min, but phosphate continues
to be adsorbed on the surface of the native oxide layer. It was reported that adsorption of
phosphate stabilized the oxide films in acidic environment (19) and adsorption of phosphate on
the surface of the oxide films repairs the oxide film (22). This process results in the formation
of insoluble phosphate compounds on the surface (20).
6.4 Discussion
Unusual behavior of force and voltage transients is reported in the result section. It is found
that magnitude of the peak voltage reduces with respect to immersion of aluminum samples
in phosphoric acid solution for various texp before anodizing. Unusual force transients were
recorded for different texp beginning at the peak potential, corresponding to the formation
of pores comprising the steady-state porous oxide layer. Influence of the possible physical
mechanisms on the unusual behavior force and voltage transients may be; (1) initial phosphate
level of the native oxide, (2) non-uniform distribution of current due to alteration of the surface
condition of film during the immersion period.
Stress evolution during the barrier film formation at the early stage of the anodizing after
different texp and XPS measurement during immersion period could provide valuable informa-
tion for effect of initial phosphate level of the native oxide on film formation. Fig.6.2 represents
the accumulation of compressive stress in the solution-oxide interface. It was shown that com-
positional difference in the outer part of the oxide could influence the mechanism of stress gen-
eration in this layer. GDOES measurements indicate high concentration of phosphate anions
within the near-surface layer and elevated stress was observed within the anion-contaminated
outer layer region of the film (12). Therefore, accumulation of compressive stress near the solu-
tion interface may be related to the contaminated layer produced during open circuit. During
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the immersion period, XPS results in Fig.6.3 (b) shows the increase of the amount of phosphate
on the surface of the native oxide film with immersion time. Therefore, surface of the oxide
film already contains elevated phosphate coverage before anodizing at longer texp. This process
may result in a generation of even larger compressive stress in the outer part of the oxide near
solution interface during anodizing, as shown in Fig.6.2 (b). At the early stage of the barrier
oxide formation, anodizing force per width shows comparable evolution until the maximum
compressive stress. Transition force value at the maximum compressive was found to be sim-
ilar for different texp, and it represents the required amount of force per width for the second
instability. As the oxide film proceeds into greater thicknesses, large stress accumulation near
the solution interface explicitly controls the voltage evolution,eventually causing pore initiation
to be triggered at smaller voltages compared to the zero texp case.
Unusual tensile force generation at extended anodizing time could be result of the localized
high current density due to thinning of the oxide during immersion. In the previous papers, we
have discussed the possible stress mechanisms contributing the measured force per width and
we showed that stress is not only generated in the oxide but also in the metal, close to oxide
interface. Fig.6.1(a) shows that open circuit force does not change significantly at extended
dissolution of the anodic oxide film. The result indicates that the observed large tensile stress
generation in Fig.6.1b could be due to stress in metal, rather than residual stress in the oxide
film, formed during anodizing. Previously, evidence of the stress generation in the metal during
the film formation was presented and it was shown that stress in the metal becomes more tensile
with increasing the current density. The open circuit potential transient in Fig.6.3a together
with the reduced initial potential during anodizing are consistent with partial oxide dissolution
at open circuit. As a result of the reduced oxide resistance, the current distribution in the
anodizing cell may become nonuniform during anodizing, with higher current density at the
edges of the sample. An elevated localized current density may induce “burning” (i. e. unstable
anodizing) at the edges of the electrode, accompanied by large tensile stress generation at the
metal interface. In SEM images, irregular local oxide structures were observed close to the
edges.
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At the initial period of oxide-solution contact, an approximately sharp compressive force
evolution and about 1 nm-thick oxide lost happened within the same time frame, as shown in
Fig.6.3. The correlation of force and thickness decrease might suggest that stress change is due
to the removal of residual tensile stress in the native oxide. The residual stress in this scenario
was estimated as 5-7 GPa, by dividing force change by the etched thickness of oxide. However,
this value is not physically realistic (23; 24). Another possible source of compressive stress
during the open circuit dissolution is absorption of hydrogen. The absorption rate of hydrogen
would increase as the native oxide thickness is reduced. Initial compressive force build up and
potential drop in phosphoric acid resembles with the trend of the force and potential during the
open circuit dissolution of Al in alkaline solution (26). Dissolution rate of Al in 0.4 M H3PO4
and 1 M NaOH is found as 7.5 and 130 mm/min, respectively. The difference in dissolution
rates could results in the qualitatively different relative rates of the compressive and tensile
changes (25; 26). The stress change could be introduced by electrochemical reactions near the
solution interface. High adsorption rate of phosphate on the surface of the native oxide happens
in the same time frame with the generation of initial compressive force.
6.5 Conclusions
Abnormal force evolution and peak voltages were observed when aluminum samples were
immersed in the phosphoric acid solution for extended time before anodizing. Open circuit
force measurements after the formation of the oxide films at different texp provides essential
information to discuss the possible reasons for abnormal transients. Stress distribution for the
thin films represents the accumulation of larger compressive stress near the solution interface
with increasing texp. Condition of the native oxide layer before anodizing was also investigated
by in-situ stress measurement and XPS analysis. Appreciable amount of phosphate adsorption
on the native oxide layer was observed during the same range of the immersion times, where
anodic oxide stress profiles indicates the significant changes. Immersion of the aluminum sam-
ples in acidic environment may cause initial phosphate development on the native oxide layer
and the non-uniform distribution of current density during anodizing, and those processes may
eventually alter the force generation and peak voltage.
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Abstract
We used in-situ stress measurements coupled with characterization techniques and math-
ematical modeling to improve the mechanistic knowledge of Al corrosion. Large tensile shifts
of the force product were found during the initial exposure of Al to aqueous alkaline solutions
until force reached the plateau value. The tensile stress introduced induced the plastic yielding
in the metal near solution interface. Fast Fourier Transform analysis was employed to deter-
mine the characteristic dimensions of the scallop features. The presented mathematical model
was consistent with the observed relationship between force and wavelength of the concave
scallop feature change. Anomalous relationship between surface wavelength and dissolution
rate suggests the promotion of Al diffusivity by introducing more H-vac defects at higher pH.
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7.1 Introduction
Stress Corrosion Cracking (SCC) is a growth of crack formation during corrosion of alloys in
the presence of external stress. The stress in corrosive environment is much more smaller than
the external stress responsible for dry cracking in the same material. Fundamental types of the
stress cracking corrosion on outer surface of the buried pipelines are intergranular stress corro-
sion cracking (IGSCC) in high pH soil and transgranular stress corrosion cracking (TGSCC) in
near-neutral pH soil (1; 2). Intergranular cracking, produced by IGSCC, is susceptible to the
corrosion at relatively narrow cathodic potential, which discourage the hydrogen absorption
(3; 4; 5; 6). Whereas, hydrogen absorption during corrosion have an impact on the TGSCC
(7; 8).
SCC can lead to unexpected sudden and catastrophic failure of the materials in oil and gas
pipelines with potentially dangerous consequences (9). Therefore, pre-emptive detection of SCC
could reduce potential corrosion damage and maintenance cost, also improve the operational
safety in the industrial installations. Slip dissolution, brittle film-induced cleavage (10) and
surface plasticity (11; 12) are commonly suggested mechanisms but, those mechanisms are still
debatable. Whereas SCC has been studied extensively to develop the well-accepted mechanism,
fundamental role of corrosion and mechanical degradation in SCC is not well understood yet.
Therefore, It’s important to identify mechanical and chemical driving forces for crack growth
during SCC in order to improve the mechanistic knowledge of the SCC.
According to the hydrogen-enhanced localized-surface plasticity model, solute hydrogen in
the plastic zone at the crack tip facilities the dislocation activity. Tensile stress generation
during the corrosion of alloys in the absence of the external stress have been reported and
correlated with SCC susceptibly. Measured stress-strain curves before and after corrosion
represents the reduction of the flow stress, which is the indication of the corrosion-induced
tensile stress in the pipeline steel (13). Furthermore, in-situ deflection measurements and in-
situ high pressure TEM images demonstrated the dislocation emission and motion during the
crack tip corrosion (14). During the SCC, hydrogen accumulation is promoted in the stressed
layer, therefore hydrogen absorption can play an important role on SCC mechanism (15; 16).
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Thermodynamic model based on the interactions of stress, hydrogen and anodic dissolution
at crack-tip illustrated the acceleration of crack growth induced by the enhanced hydrogen
concentration (17). Dissolution and de-alloying could result in a generation of vacancies and
coupling of vacancies and hydrogen interactions could affect the deformation of the material
(18).
Although aluminum is not susceptible to the SCC, alkaline corrosion of the aluminum
have a similar features with SCC. Alkaline corrosion of Al produces large H supersaturations
(19), along with extensive hydride (20; 21) and void formation (22); the processes may be of
significance for SCC of Al alloys. Also, H charging during the alkaline corrosion of Al produced
lattice contraction (23) and in-situ stress measurement using wafer curvature method revealed
the generation of tensile stress during corrosion of Al in higher pH values (24).
The purpose of the present research is to investigate the influence of the yield stress and
dissolution rate on stress generation and the morphological development of the Al during the
alkaline corrosion. For this purpose, we performed in-situ stress measurements during the alka-
line corrosion of Al. High resolution and stability of the phase-shifting curvature interferometry
technique (25) allow us to monitor stress for an extended corrosion periods. Evolution of the
surface morphology was detected with SEM and size of the characteristic scollops was calculated
with Fast Fourier Transform (FFT) analysis. Samples with different yield stress was used in
the measurements in order to investigate the role of the plasticity on the corrosion mechanism.
H-related defect interactions in Al also examined by altering the concentration of the corrosion
medium. TThe relationship between Al diffusivity, size of the concave scallops, Al diffusion
flux and yield stress of the metal was discussed according the presenting the model,based on
the force balance in the metal. We show that the plasticity plays an important role in stress
generation during dissolution and H-Vac defects have an impact on the plastic layer thickness
by altering the Al diffusivity.
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7.2 Experimental
Sample size of the aluminum samples were 25µm and 1mm. 1 mm thick 99.998 % hard
aluminum sheet from Alfa Easer were cut into rectangular shape (3.5 × 2.5cm). Reflective
mirror-flat gold films were transferred to back side of 1 mm thick aluminum sample using a
template-stripping technique. Thin aluminum samples were annealed at 550 ◦C for 52 hours
to increase the grain size of sample. Thin samples also were cut into the same size as the
thick ones. They were attached to silicon wafer using epoxy, Loctite e-00cl, in order to have a
reflective surface for curvature measurement. To measure c and d values, incoming light beams
to sample shiny surface were marked on the glass slide to measure the distance with ruler.
At the start of an anodizing experiment, the samples were mounted in the electrochemical
cell and the optical system was aligned before introducing solution. In order to determine the
stability of the interferometric measurement, the curvature of the samples was monitored for
three to four hours before introduction of the electrolyte for each experiment. Prior alignment
in this manner controlled the exposure time of the Al surface to the sodium hydroxide solution.
The optical setup was initially perturbed by tapping on the mirror in the Mach-Zehnder inter-
ferometer in order to determine the range of intensity changes for the two interfered signals.
After perturbation, the samples were left undisturbed for four hours and the curvature changes
were monitored to determine the stability and resolution of the curvature measurement. 0.1
,0.5 and 1 M NaOH solutions were introduced after light amplitudes were began recording.
7.3 Results and Discussion
Fig.7.1 shows the force per width measured during dissolution of Al sheet samples in 1 M
NaOH. Results for shown for two as-received specimens and one which had been electropolished.
The as-received samples exhibit quantitatively comparable force evolution, demonstrating the
good reproducibility of these experiments. In both cases, the force per width initially de-
creased in the compressive direction to about -2 N/m for 1 min, and then increased steadily
in the tensile direction for about 10 min, reaching a roughly constant level at 80 N/m. The
electropolished sample did not exhibit the early compressive period; instead, the force per
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width increased initially in the tensile direction, reached an approximately constant value at 8
N/m between 1 and 2.5 min, and then followed a trajectory close to the as-received specimens.
Thus, except for the initial 2-3 min, electropolishing did not significantly influence the force
evolution measurements. This is evidence that surface impurities expected in the as-received
but not the electropolished samples did not significantly influence processes responsible for
stress generation.
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Figure 7.1 Reproducibility and absence of electropolishing effect.
Figure 7.2 (a) NaOH concentration effect on force evolution. (b) Effects of dissolution rate on
plateau force and pattern wavelength. Both force per width and roughness were
measured at 15 min dissolution time.
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The effect of dissolution rate was examined by comparing open-circuit force evolution in
0.1, 0.5 and 1.0 M NaOH solutions. The Al dissolution rate was found to be 31, 71 and 131
nm/min respectively in these solutions. Fig.7.2a shows that the initial compressive period was
not present in the 0.1 and 0.5 M solutions. Aside from this difference, in all three solutions
exhibited the Al sheet exhibited a similar initial rate of force increase. However, the final
plateau force per width increased significantly with concentration, from 25 to 30 N/m at 0.1
M, to 64 N/m at 0.5 M, to 85 N/m at 1 M NaOH. Fig. 7.2b shows that these results suggest
an approximate proportionality of the force per width to the dissolution rate.
Figure 7.3 (a) Effect of sample yield stress on force evolution. (b) Effect of yield stress on
plateau force per width and roughness wavelength.
In view of the moderate value of the yield stress of pure Al of about 100 MPa, the large
tensile increases during dissolution may produce plastic yielding in the metal near the dissolving
surface. The possible influence of plasticity on force evolution was examined by comparing the
behavior of Al samples with significantly different values of the yield stress. Fig. 7.3a compares
the force per width transient of the Al sheet in Fig. 7.1 with annealed 25µm foil and sheet
which had been cold-rolled to a 35 % thickness reduction. The Vickers hardness of the annealed
foil, sheet and rolled sheet were 11, 23 and 46 respectively. Based on the hardness values, the
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yield strengths of the three samples were estimated at 21, 45 and 90 N/m. Fig.7.3a shows that
both the initial rate of force increase and the plateau force increased significantly with yield
strength. Fig.7.3b indicates that the plateau force per width scales nearly linearly with yield
strength, as was the case with dissolution rate. It is clear from this result that plasticity plays
an important role in stress generation during dissolution. Evidently, tensile stress introduced
by the dissolution process itself has induced yielding of the Al sample.
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Figure 7.4 Effect of dissolution times in 1 M NaOH on topography of Al sheet samples.
Uniform corrosion of metals such as aluminum and titanium produces a characteristic scal-
loped surface morphology. The development of surface topography during dissolution was char-
acterized quantitatively and compared with the stress evolution. Examples of scanning electron
microscopy images of the Al surface after various dissolution times are shown in Fig.7.4. The
images exhibit roughly circular scallop features. Previously reported atomic force microscopy
images revealed that these scallops consist of roughly circular shallow depressions surrounded
by ridges.
Analysis of the SEM images was carried out to determine the characteristic dimensions of
the contrast patterns associated with the scallop features. Fig.7.5a displays the Fast Fourier
Transform of the images in Fig.7.4 for dissolution time of 20 min. The abscissa and ordinate
are coordinates in Fourier space wavenumber of the image, in the horizontal and vertical di-
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Figure 7.5 FFT analysis for 20 min dissolution in 1 M NaOH. (a) Power spectral density
representation of SEM image (see 7.1). (b) Power spectral density plotted along
the line in (a). The roughness wavelength is identified as the maximum of the
curve, as indicated by the arrow.
rections respectively. The wavenumber is proportional to the wavelengths in the horizontal
and vertical directions in the SEM images. Brightness in the transform images is proportional
to the amplitude of the Fourier modes. The relatively bright spot in the central part of the
FFT images contains the modes contributing appreciably to the SEM image contrast. The
largest dimensions of the bright spots, as indicated in Fig.7.5a, represent the significant Fourier
mode having the smallest wavelength. Inspection of the images reveals that this wavelength
corresponds to the characteristic scallop dimension. As illustrated in Fig.7.4, the shape of the
diffraction spot changed from elongated to circular as the dissolution time increased. At small
times, the scallop pattern was aligned with the ridge-valley texture produced by rolling the
sheet samples. As the rolling texture gradually disappeared with more extensive dissolution,
the scallop pattern became more isotropic, producing circular diffraction spots.
The characteristic scallop wavelengths, as derived by FFT analysis of the images with
variable dissolution time in 1 M NaOH, are plotted in Fig.7.6a along with the force per width
transient. Error bars surrounding the wavelength points correspond to the range of possible
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Figure 7.6 Concurrent evolution of force per width and pattern wavelength during dissolution
of Al sheet samples. (a) Time dependences or force and wavelength during disso-
lution in 1 M NaOH. (b) Linear fit of force vs. wavelength at corresponding times.
Solid markers are from (a) and open markers from the experiments using different
NaOH concentrations. The linear regression slope of 120 MPa is comparable to
the yield stress of 90 MPa.
longest dimensions of the diffraction spot, for cases where the boundary of the spot was not
clearly defined. The increase of the wavelength with time during corrosion parallels that of the
force per width. The wavelength increases from 100 nm to an apparently stable range of 900 to
1000 nm, for the same range of times when the force per width approaches the plateau. Indeed,
the inset plot reveals an approximately linear scaling of wavelength with force per width. The
slope of the linear regression fit to the data is 94 MPa, quite close to the measured yield strength
of the sheet samples, 90 MPa. Thus, the measured force per width is roughly the same as the
product of the yield stress and scallop wavelength. This correspondence is evidence for a model
in which a yielded metal layer is adjacent to the corroding surface at all dissolution times. The
stress within this layer is uniformly at yield strength, and the layer thickness is approximately
equivalent to the scallop wavelength.
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SEM image analysis was also carried out at times of 15 min corresponding to the force
plateau, in the experiments with variable NaOH concentrations and sample yield strengths.
These results are shown in Figs.7.2b and 7.3b along with the plateau force values. Fig.7.2b
reveals that the wavelength increases apparently proportionally with dissolution rate, and Fig.
7.3b indicates a linear scaling of the wavelength with yield strength. Thus, Figs. 7.2b, 7.3 and
7.6 clearly demonstrate a coupled evolution of stress and surface topography with time, and
direct relations between force per width or scallop size, and either dissolution rate and yield
strength.
The increase of tensile stress during dissolution is attributed to diffusion of atoms from sites
in the Al lattice. The driving force for diffusion is the stress gradient. To support diffusion, the
stress at the dissolving interface must be more tensile than that in the interior of the metal.
However, since Al atoms diffuse by a vacancy mechanism and the vacancy concentration is
extremely small at room temperature, the diffusivity is on the order of xxx. The consequently
very large stress gradient at the interface is expected to drive the metal to the yield stress at
the outset of dissolution. However, if the metal surface remained planar, the stress gradient
driving diffusion would vanish when the internal stress is uniformly at the yield stress. It would
then be impossible to explain the observed large buildup of tensile force.
A stress gradient supporting diffusion can be sustained if the aluminum surface is not
planar, but instead covered by concave scallop features. Consider the stress distribution in
the geometry depicted in Fig.7.7, where the scallop is represented for simplicity as a concave
hemispherical depression with radius a. In spherical coordinates, the force balance in the metal
is
∂σr
∂r
+
2
r
(σr − σθ) = 0 (7.1)
The boundary condition at the dissolving interface r = a is σr = 0 . Assuming the metal
is uniformly at the yield stress σY ,σY = σr − σθ.The stress balance can then be integrated to
obtain the components σr = −2σY ln(r/a) and σθ = −2σY ln(r/a). . The mean stress driving
diffusion is σ = σr/3 + σθ/3 , or
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Figure 7.7 Schematic diagram of oxide-solution interface, where the scallop is represented for
simplicity as a concave hemispherical depression with radius a
σ =
2
3
σY
[
1− 2ln
(r
a
)]
(7.2)
The Al atom diffusion flux toward the dissolving interface is Js = −
(
DAl/RT
)(
∂σr/∂r
)
r=a
,
or
Js =
4DAlσY
3aRT
(7.3)
Therefore, the diffusion flux Js required by the dissolution process can be furnished by
adjusting the scallop radius a.
The diffusion flux can be related to the dissolution rate by considering transport processes
in the surface oxide layer during corrosion,
Js =
νD
ΩAl
(
1− t0Φ
)
(7.4)
Here νD is the metal dissolution velocity, ΩAl is the molar volume of metal atoms, t0 is the
oxygen ion transport number in the oxide layer and Φ is the Pilling-Bedworth ratio, i. e. the
volume of oxide created per volume of metal produced by the oxide formation reaction. The
product t0Φ is the volume of oxide produced at the metal-oxide interface per volume of metal
consumed. The quantity 1− t0Φ is the fractional void volume produced by dissolution, which
must be filled by metal atom the diffusion flux Js. It is presumed that t0 < 1/Φ as a condition
for generation of outward diffusion and tensile stress. Combining the two expressions for Js,
the scallop radius a is
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a =
4DAlΩAlσY
3RTνD
(
1− t0Φ
) (7.5)
From the scaling of scallop radius with yield stress in Fig.7.3, a/σY is approximately 4 ×
10−15 m3/N . If 1 − t0Φ 0.1, DAl is estimated as 1 × 10−16 m2/s for corrosion in 1 M NaOH
at times corresponding to the force plateau. This value suggests a highly defective near-
surface metal layer, as the diffusivity at room temperature, based on extrapolation from high-
temperature measurements, is on the same order of magnitude.
The growth of the scallop radius with time in Fig.7.6 can be explained by an increasing
diffusivity. At times of 1-2 min, the measured wavelength suggests that DAl is about ten times
smaller than its value at the force plateau, i. e. 1× 10−17 m2/s. The increase of the diffusivity
toward a steady value after about 15 min can be explained through the effect of hydrogen
absorption.
Scaling of wavelength with dissolution rate is anomalous with respect to the theory. Sug-
gests variation of DAl with pH, consistent with the near-surface concentration revealed by
permeation cell measurements (19).According to the measurements, hydrogen diffusivity in-
creases enormously with the pH of the alkaline solution. Hydrogen diffusivity at pH 13.5 was
found to be nearly 2 order-of magnitudes larger than the hydrogen diffusivity at pH 13.0. It
suggests that hydrogen-vacancy defects formed within the near-plastic layer could enhance the
metal atom diffusion therefore increase of DAl explains force and wavelength increase with time
and pH.
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7.4 Conclusions
We report the in-situ stress measurements during the corrosion of Al in alkaline solutions
for an extended time periods and characterize the morphology developments on the solution
interface by using SEM and Fast Transform Analysis. In-situ stress measurements revealed
the generation of tensile stress, produced by Al diffusion. Initially, stress reached the yield
stress of the material at the surface because of very small Al diffusion. During the corrosion
process, amount of H-vac defects increased in the plastic layer as more H atoms absorbs into Al.
Increase in vacancies results in the rise of the Al diffusivity, therefore plastic layer thickness.
FFT calculations represented the expansion of the scallop radius with corrosion time, which
is correlated with increase of the Al diffusivity. Rise of the Al diffusivity as well as force per
width boosted the plastic layer thickness. Finally, force per width reached the plateau value
and surface morphology became stable when near-surface H concentration and Al diffusivity
approached the steady state value.
To sum up, we showed plasticity has a crucial impact on the stress generation during the
corrosion of Al in alkaline solutions. Imaging tool and FFT analysis clearly display the increase
of the radius of concave scallop features, which is found to be in great agreement with force
evolution. Furthermore, the presented model suggests the non-uniform surface morphology
in order to support the stress gradient driving diffusion. Relationship between wavelength,
force and yields, stress, described in the model, was supported with the experimental evidence.
Anomalous relationship between dissolution and wavelength was addressed to the variation of
Al diffusivity in different mediums.
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CHAPTER 8. CONCLUSION AND FUTURE WORK
8.1 General Conclusions
Volume expansion and tracer experiments drew attention on the necessity of flow in the
oxide. With successfully simulation of tracer experiments (1; 2; 3), modeling derived by Hebert
and Houser (4), contributed the idea of existence stress in oxide as a provoking factor for the
flow. Lately, investigation of surface instability under the influence of electric field pointed
out that distortion of oxide/electrolyte interface results of a mechanical instability with plastic
deformation of oxide(5). However, relation between instability and stress generation has not
been well understood.
We developed a new in-situ high-resolution curvature interferometry technique to measure
stress caused by electrochemical processes. Resolution of new curvature interferometry is ten
times more powerful than that obtained by state-of-art multiple deflectometry technique. Un-
like other curvature measurement techniques, phase-shifting curvature interferometry can be
applied to both thin and bulk samples due to high-resolution and this feature of the tech-
nique increased the applicability of the stress measurements. An new electrochemical cell was
designed for stress measurements, which increased the stability of the system by separating
the optical path from the liquid environment and the cell. The technique was validated by
comparing our results of average stress in an anodic aluminum oxide to earlier multiple-beam
deflectometry measurements. The similarity between the results of these different curvature
methods helps to resolve the conflicting reports found in the literature.
Previous experimental studies of anodizing-induced stress have extensively focused on the
measurement of average stress, however measurement of stress evolution during anodizing does
not provide sufficient information to understand the potential stress mechanisms. To discrimi-
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nate the potential stress mechanisms during anodizing, a new method was developed in order
to reveal the stress distribution in barrier anodic oxide film. Force per width was continuously
monitored during the anodizing of the film and subsequent complete dissolution of the oxide
at open circuit. By changing the anodizing current density, thickness of the oxide film and
dissolution rate, we confirmed that open circuit stress change was controlled by the removal of
residual stress in the oxide film . Therefore, revealing of the stress profiles using the method
provides remarkable information about transport processes and driving forces governing the
interface motion in the anodic oxide films.
The method was applied to investigate the stress distribution in the barrier anodic oxide
films. Contrary to common belief that stress is generated only in oxide during anodizing,our
measurements indicated that stress is generated in both metal and oxide during anodizing but
by different mechanisms. Furthermore, overall oxide stress and stress in metal were found to be
compressive (tensile) and tensile (compressive) at high (low) current densities, respectively. For
both stress in the oxide and the metal, the sign of the stress was found to flipped at 3mA/cm2.
Dependence of the overall stress in the oxide and metal was examined with the volume changes
associated with the interfacial reactions and transport processes during anodizing. The calcu-
lated volume changes were compared with the force per width change due to anodizing and the
comparison represented strong correspondence between the volume and stress change.
Initial surface perturbations and pore formation mechanisms are the two main steps in the
porous anodic oxide films. Recent studies highlighted the possible influence of stress on these
mechanisms. To address the whether stress plays an important role on film formation mecha-
nism or not, first we revealed the stress profile in anodic oxide film during the film formation,
prior to the pore formation and evaluated the stress profiles with characterization techniques.
Two distinct modes of oxide stress evolution was detected; dispersion of compressive stress from
solution interface into oxide interior and accumulation within a near surface compressive layer.
Interior stress was generated upon the anodizing immediately. Compressive stress generated
during anodizing was confined to solution surface layers of the oxide film, where stress levels
increases with anodizing. SEM images and Fast Fourier Transform analysis indicated that
instability between 10 and 20 V produces consistent 20 25 nm wavelength pattern. Onset of
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small scale instability at 20-30 V was coincide with interface stress translation from tensile to
compressive stress with 5 nm stress accumulating surface layer. Furthermore, force per width
and voltage transients were recorded during anodizing along the porous oxide film formation.
Results exhibited elastic behavior indicated by constant rate of force increase before peak.
Evolution of force per width was characterized by SEM images and at peak potential, stress
relaxation and large scale undulations were consistent with onset of plastic flow.
Through the literature, there are abundance information about how electrolyte, current
density and voltage plays vital role on the pore formation. However, initial condition the
native oxide layer does not take enough attention yet. Possible influence of those conditions
was addressed in the chapter 6. Immersing of the sample in anodizing solution may change
the initial composition of the native oxide due to adsorption of Phosphate. Increase of the
contact time of sample with the solution resulted in the reduction the depth of oxide layer
near the solution interface where the compressive stress accumulates due to anodizing force.
Furthermore, magnitude of the stress within the layer were found to increase with the immersion
time.
In the chapter 7, in-situ stress measurements during the corrosion of Al samples in alkaline
solution were presented.Tensile force per width increased with time until a plateau force value.
Stress measurements using samples with different yield represented importance of the plasticity
on the stress generation during dissolution. Characteristic scallop wavelengths on the metal
surface were measured with the analysis of SEM images with Fast Fourier Transform analysis.
Both force and scallop wavelength increased with time until both reached the their plateau
value. Experimental results, combined with model based on the diffusivity of Al from disloca-
tions to metal-oxide interface, suggest that tensile stress is produced by diffusion. Furthermore,
absorption of H atoms into Al lattice results in the formation of H-Vac defects in the plastic
layer. Vacancies cause the increase the Al diffusivity, thus increase of the force, plastic layer
thickness and scallop radius until near-surface H concentration and Al diffusivity approaches
steady state value.
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8.2 Future Work
Through the word described in this dissertation, we showed increasing of the compressive
in the contaminated oxide layer near the solution-interface drives the pore formation and the
steady-state pore growth results from plastic deformation and oxide flow. However, influence
of the oxide flow and plastic deformation on the morphological parameters of the porous oxide
films such as interpore distance and cell diameter are not known. In chapter 1, changes in
the morphological parameters with respect to the anodizing solution was presented. Revealing
evolution of the stress profiles in the oxide and composition of the oxide provides required
informations to display the relationship of morphological parameters and stress profiles.
It was reported previously first instability happens between 20-30V in phosphoric acid so-
lution. Our measurements exhibited the change of the stress direction in the oxide near the
solution interface from tensile to compressive at 25V, and also morphological changes were ob-
served SEM images between 20-30V. However, for the oxide film grown in sulfuric acid solution,
first instability takes place less than 10V. Therefore, type of the electrolyte could be the key
parameter influencing the first instability. Viscosity of the oxide grown in phosphoric acid solu-
tions are ten times larger than the ones grown sulfuric acid bath. In chapter 1, it was discussed
that the transport number and its dependence on current density varies with the solution.
Therefore conduction parameters and viscosity of oxide may depend on the type of solution,
due to possible anion incorporation into oxide. Anions such as phosphate, sulfate and oxalate
could disturb the oxygen ions positions in amorphous oxide and affect the transport number
properties by the introducing additional free volume into the oxide structure. According to our
experiments, incorporation of anion species have effected on the stress distribution,therefore
presence of incorporated anions could influence the instability directly with shifting viscosity
of oxide film depending on their appearance in oxide. To elucidate the detail origins of the first
instability, it is important to understand the viscosity on the surface instability. Therefore,
the work should include in-situ stress measurement under various anodizing bath to reveal the
stress distribution of oxide growth in different solution.
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So far we have investigated stress distribution and instability mechanism for the oxide
films formed on aluminum. Additional to aluminum, oxide films can be formed on titanium
and zirconium. Structural difference of oxide influences the mechanism of ionic transport.
For instance, zirconium oxide grows predominantly by the inward flow of oxygen and OH−
ions because zirconium has a crystalline structure and zirconium ions are practically immobile
(6; 7; 8). Therefore more compressive stress generation is expected during the formation of
zirconium oxide. Contribution of electrostriction stress on titanium is larger than aluminum
due to higher permittivity of titanium. Residual stress distribution and instability mechanism
could be different for zirconium and titanium oxide. Although there are reports on in-situ
stress change during formation of the titanium and zirconium film, none of them was able to
reveal the stress distribution in oxide.
Direct evidence of the corrosion-induced tensile stress and plasticity during the alkaline
Al corrosion was presented in the chapter 7. Although Al is not susceptible to the SCC, the
mechanism of the corrosion-induced plasticity exhibits the similar characteristics as reported
in the local surface plasticity model of SCC. Therefore, this work could be extended to the
relevant metallic materials such as pipeline steels. In-situ stress measurements during the
corrosion of the bulk samples, supported with surface characterization techniques could provide
key relationships between mechanics, dissolution and hydrogen in SCC. Such a work would
improve the mechanistic understanding of the SCC.
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